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SUMMARY
A study has been made of the influence of titanium carbide and boron 
nitride precipitates on the texture and formability of high purity iron- 
based alloy sheet. Four Fe-Ti-C alloys with the following compositions 
were investigated: Fe - 0.011$ Ti - 0.004$ C, Fe - 0.09$ Ti - 0.0l8$C,
Fe - 0.47$ Ti - 0.09% C and Fe - 0.48$ Ti - 0.011$C. The ratio of 
titanium to carbon in the first three alloys was approximately 4:1, the 
stoichiometric ratio for the formation of titanium carbide. The latter 
alloy was used to study the effect of excess titanium in solution. An 
Fe - 0.01$B - 0.013$N alloy was also studied to investigate the effect of 
boron nitride on texture and formability.
The alloys were hot rolled and given various heat treatments to 
produce a range of precipitate dispersions. The materials were then cold 
rolled 85$ and annealed, using a heating rate of 50°C/ho!ar. Plastic 
strain ratio (R) and mechanical property measurements were made on the 
annealed sheet at 0°, 45° and 90° to the rolling direction, using a 
uniaxial tensile test. The Erichsen test was used to assess stretch- 
formability, and inverse pole figure data were determined on selected 
specimens.
The presence of titanium carbide precipitates usually.led to a small 
improvement in the average plastic strain rate (R) of each of the Fe-Ti-C 
alloys after recrystallisation. The presence of titanium in solution 
resulted in a further small increase in R in the recrystallised condition. 
Grain growth after primary recrystallisation led to increases in R in 
both high purity iron and the Fe-Ti-C alloys. The greatest rates of 
increase in R with grain growth were exhibited by those materials with 
the highest values of R in the just recrystallised condition, and an R 
value of 2.4 was obtained on the Fe - 0.48$ Ti - 0.011$ C alloy after 
annealing at 830°C. The coarse boron nitride precipitates in the Fe-B-N 
alloy had little effect on R. High R values were favoured by the 
presence of { 222}  , { 332}  -and {211} orientations and by the absence
of { 200}  , {310} and £420} orientations. The results indicated
that the recrystallisation textures developed by a combined oriented 
nucleation and growth mechanism.
The Erichsen values exhibited by the Fe-Ti-C alloys were generally 
higher than those for high purity iron, while those for the Fe-B-N alloy 
were very low. The correlation between Erichsen value and mechanical 
properties was quite poor.
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I. INTRODUCTION
Pressing operations have been used for more than 100 years to make a
large variety of simple and complex components from sheet metal. The
»
process is a rapid one, readily lending itself to the mass-production 
techniques demanded by modern industry, and is now widely used in the 
fabrication of automobile bodies, refrigerators, washing machines, etc• 
Low-carbon steel is most commonly used for these pressings because of its 
good all-round mechanical properties and low cost.
Considerable effort has been put into improving the formability of sheet 
metal and there are several main reasons for this; to enable more complex 
shapes to be formed, to reduce the number of operations to produce a given 
shape* and to reduce material failures in the press* Much of this effort 
has been in determining which of the properties of bteel 
influence formability and it is now appreciated that the complete plastic 
behaviour from yield to fracture is of major importance, particularly those 
aspects Controlled by crystallographic texture. Most of the texture work 
has been carried out on aluminium-killed steels, and it is generally agreed 
that the desirable textures in this material can be enhanced by carefully 
controlling the precipitation of aluminium nitride particles during the 
processing of the sheet. Because of the precipitation characteristics of 
aluminium nitride, this processing cycle is fairly complex and needs 
careful control.
Apart from the effect of aluminium nitride on texture development, 
surprisingly little is known about the influence of precipitates on texture 
and plastic flow in steel sheet, especially with regard to size and 
distribution of the precipitate. It is recognised, however, that quite 
small variations in composition can have large effects on recrystallization 
kinetics and grain growth, and it seems likely that texture and plasticity 
will be affected also. This is particularly true for carbon, nitrogen, 
oxygen and sulphur and those elements which can combine with them to form 
second phase particles.
The object of this present study was to investigate the influence of 
precipitate size and distribution on the texture development and 
formability of two alloy systems of iron. The iron-titanium-carbon 
system was chosen for the major part of the study because titanium is a
very strong carbide former and was therefore likely to produce a precipitate 
which would be more stable than aluminium nitride. The iron-boron- 
nitrogen system was also investigated, the precipitate in this case being 
boron nitride. As boron is not as strong an oxide former as aluminium, 
it should be possible to produce a similar alloy industrially as a rimming 
steel while still retaining non-ageing properties.
A survey was made of previous work in relevant fields and this is 
presented initially, followed by sections on material selection and 
preparation, and experimental techniques. The results are then described 
and discussed.
II. LITERATURE SURVEY
A. Sheet Metal Forming
1. The Process
Sheet metal forming can be defined as the production of a satis-
(l)factory component by plastic deformation of sheet metal . Although the
fabrication of many kinds of metal articles by severe plastic
deformation is a craft as old as sheet making itself, the process as we
largely know it today began with the making of the first double-action
(2)press in France in i860 . Other methods, such as spinning and
explosive forming, are used today for certain applications, but for the 
vast majority of forming the process is essentially the deforming of metal 
sheet between two closing and mating dies, i.e. a pressing operation.
Mass production requirements encouraged the early development of
pressing techniques, and rapid expansion occurred during the First World
War and with the growth of the automobile industry. This development took
place with little scientific guidance, and relied on instinctive
judgement and ingenuity on the part of the craftsmen involved. However,
the introduction of faster presses, with less time available for trial and
error experimentation, demanded that the industry should be put on a more
scientific basis and in 1935 a special committee was set up in the U.K.,
originally under the auspices of the Institute of Automobile Engineers,
to devise a test which would enable the suitability of sheet destined for
(3)the press shop to be assessed • The most important findings to emerge 
from this move came from the work of Professor Swift at Sheffield 
University, and resulted in his classic engineering analysis of the 
draining of cylindrical cups. Much of his work was later published in
(Lf.)
book form . His tests with various punch-nose radii indicated that, in 
general, the pressing of complex sheet metal shapes should not be 
considered as a single forming operation, but as a combination of two 
basic modes.
(5)Whiteley et al defined these two different modes in 19&0, and 
they are shown schematically in Figures 1 and 2. In Figure 1, the 
pressure of the punch on the unsupported area of the blank produces ■ 
radial stresses in the metal which are relieved by a "drawing-in" process
Punch
| Blank holder Blankholder
iI
Die Die
Blank
Peformation occurs j 
only in the outer 
portion of the blank!
Figure 1* Schematic representation of pure deep drawing. 
(After Whiteley et al., Kef. 5 ) •
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Blankholder — Blankholder i
DieDie
Blank
Inward motion 
of the blank 
Is prevented Deformation occurs 
only In the center | 
of the blank
Figure 2• Schematic representation of pure stretching.
(After Whiteley et al., Kef, 5)»
at the blank periphery, with a resultant steady reduction in diameter.
At the same time, this diameter reduction induces severe hoop stresses and 
consequent thickening or wrinkling. Wrinkling is prevented by blank-holder 
pressure and in ideal conditions the radial and hoop stresses can be so 
distributed that little thickening of the sheet occurs. This mode is 
termed deep drawing. Failure occurs by thinning and subsequent fracture, 
usually at the bottom of the cup wall. In Figure 2, the blank-holder 
pressure is great enough to prevent any inward movement of the blank, and 
deformation occurs by stretching of the central portion of the sheet over 
the hemispherical nose of the punch. This mode is termed stretch forming. 
Failure occurs by thinning and fracture over the punch nose. Although 
some bending occurs in both cases, its effect is secondary and can be 
ignored when the sheet is reasonably ductile.
The proportion of each deformation mode occurring in a pressing
operation is not uniquely defined by the final shape of the component, but
(2)is also influenced by the tool geometry, settings and lubrication •
There is far more stretching than drawing in general presswork, and some 
stretching is necessary even in a deep drawn component to secure accurate 
dimensions•
2. Tests
Both simulative and fundamental tests have been used in the assessment
of material for sheet metal forming. Simulative tests have always been
(6)the more numerous for two main reasons ; the complexity of most forming 
processes and their sensitivity to details of the process do not, as yet, 
permit any reliable analysis in terms of basic material properties, and 
even v/hen conditions of straining are known it may be found that the 
plastic behaviour cannot be predicted accurately enough from simple funda­
mental tests, such as the uni-axial tensile test.
The number of simulative tests are many and varied, and most of the
(7)ones developed prior to 19^3 have been reviewed by Jevons • They 
include tearing, hole widening, wedge drawing, bending, bulging and cup- 
drawing. It has sometimes happened that certain tests have proved to be 
of real help in predicting the behaviour of sheet in a particular operation, 
but none give any true indication of general pressing properties.
With the realisation mentioned earlier that most pressing 
operations were a combination of two basically different modes of deform­
ation, attention was focussed on finding a separate test for .each. Two 
types of test have now established themselves as giving reasonably accurate 
ratings to materials, but only for deformation by one or other of the pure
modes. For deep drawing the Swift cupping test, using a flat-nosed punch,
(8)has been used for the last 20 years . A material is rated by its 
limiting drawing ratio (L.D.R.), the ratio of maximum drawable blank
diameter to the punch diameter. The accepted test for pure stretching is
* (9)
the ball penetration test, usually the Erichsen or the Olsen . In this
test the sheet is clamped over a hole and a hemispherical punch is pressed
into the sheet. The depth of penetration before failure is a measure of
the materials formability under biaxial tension, and is termed the Erichsen
or Olsen value. The hydraulic bulge test is also used sometimes. A
lack of consistency and reproducibility in the results from both cupping
and ball penetration tests was evident until the importance of surface
roughness and lubrication were appreciated. The use of polythene sheet as
a lubricant has now largely removed this problem^’
However, as the vast majority of pressing operations contain a 
combination of both drawing and stretching, the problem of assigning a 
general formability rating to a material is still unsolved.. Combination
tests containing both drawing and stretching, such as the Swift test using
(ll) (12)a round or elliptical nosed punch and the Fukui test , have received
some attention but it is clear that any success they may have will be limited
to predicting the behaviour of sheet in a particular operation.
The aim of fundamental testing is to put the assessment and prediction
of the behaviour of sheet undergoing pressing onto a scientific basis. To
do this one requires an analysis of the process so that the desirable
physical and mechanical properties can be determined. A test or tests are
then devised which measure t’ne-se properties accurately enough to distinguish
(7)between different performance. In 19^3> Jevons published his classic 
book on pressing and this included a review of the material properties then 
thought to be desirable for good press-shop performance. Most of these 
were negative properties, i.e. properties which the user wished to avoid.
They included internal or external discontinuities, chemical segregation, 
irregular grain size, directionality, ageing, stretcher straining, blue
brittleness and physical property variation along and across the sheet.
It was thought that "ductility and tenacity" played an important role, 
especially in stretching operations, but the requirements were quite vague. 
Once again, the realisation that there were two basic modes of deformation, 
and the treating of each separately, helped markedly in advancing the 
understanding of material requirements.
(2)Lloyd pointed out that in deep drawing, two apparently 
irreconcilable properties are required* Firstly, the unformed blank must 
be ductile and easily reduced in diameter under the blank-holder and 
secondly, the metal at the punch nose must be strong enough to transmit 
the drawing load over the die to the flange area of the blank. The punch 
nose metal, however, has a minimum of cold work and is therefore least 
fitted for its task. Lloyd reported that some success in improving deep 
drawing has been had by locally annealing the periphery of a hard blank or 
by heating the periphery before drawing, but these procedures are not 
economical for large production.
(13)Lankford et al noted during a study of the effect of strain
hardening on press performance of killed steel that the deformation of
their tensile specimens was anisotropic. They measured the ratio of width
strain to thickness strain on longitudinal specimens at maximum load
(termed the plastic strain ratio or Rq0 value) and found there was a good
correlation with press performance. Most materials with poor press
behaviour had a value of Rq0 below 1.5. After a surprising lapse of
several years, during which it seemed that the indicated importance of
(5)
anisotropy had been neglected, Whiteley et al produced results which
showed a highly significant correlation betwen the average plastic strain
ratio (R) and the limiting drawing ratio obtained from Swift cupping tests
using a flat-nosed punch. Their investigation included results on killed,
rimming and stainless steels, copper, brass and aluminium alloys.
Furthermore, no significant correlation was found between L.D.R. and yield
stress, tensile stress, uniform and total elongation, Olsen value or yield
to tensile ratio. Several other workers, including the author, have since
— (10 14 15 16)
verified the strong correlation between L.D.R. and R * 1 * . The
/ -I r \
relationship found by Wilson for a range of metals is shown in Figure 3» 
together with a collection of the largest cups that could be drawn from 
each of the different materials. The lack of correlation between L.D.R. 
and the average total elongation in uniaxial tension is also illustrated in
ps £P o>(_) K Ll_< u<
60
50
c i \e  e 'o n j ja i iS AXens^J^-- ST
- 40
- 30
-20
82-6 2* 3*02*22-0 2*4
figure 3* The effect of R and elongation to fracture on the limiting 
drawing ratio (L.D.R.) of several metals and alloys.
(After Wilson, Ref. 16).
1. Commercial ainc annealed at 200 G.
2. Cube-texture tough-pitch copper.
3. Commercial aluminium 3 /h  ■■ hard.
L|.» Commercial aluminium annealed at 300°C.
5. ,,Balanced-text'uren tough-pitch copper.
6. 70/30 brass annealed at 700°0. .
7. Box-annealed rimming steel.
8. Box-annealed aluminium-killed steel.
9. Annealed titanium grade 111.
Figure 3« There now seems little doubt, providing the influence of 
friction is minimised, that the value of the average plastic strain ratio 
accurately predicts the ability of a sheet to undergo deep drawing.
The reason for the dependence of deep drawing on R value was not
(13)apparent to Lankford et al . They believed that anisotropic material
(17)was only advantageous for unsymmetric operations, although Hailey , m
the discussion of the paper, accurately predicted that a high R value would
be helpful in all drawing operations as it represented a resistance to
thinning. Whiteley^ emphasised that it was important to distinguish
between planar and normal anisotropy in sheet material. The plastic strain
ratio is usually measured at 0°, k5 ° and 90° to the rolling direction (and
designated R Q, an{* -^q o)* Using Hill’s theory of plastic
anisotropy^ , Whiteley showed that these three parameters indirectly define
the anisotropy of a sheet, i.e. it is not necessary to measure any property
normal to the plane of the sheet. A sheet is completely isotropic when
S0° = Plk5° =5 R^qo = 1» but if Rq0 a R^o » ®5o° ^ -*■ "then normal anisotropy
is present. In general, Rq0 / ^  ^ 90° ^ ^ P^ -anar 2131^  ft°rmal
anisotropy are present. The coefficient of normal anisotropy is usually
defined as 1/4(Rq0 + 2R^ 0 + ^90°^  an(* ca^^ -e^ av(3raSa R value or R.
Several measures of planar anisotropy have been proposed but the most
(l8)frequently used is that given by Whiteley , viz.
E = i(Eoo - zak5o + k90J
Although Hill’s theory does not strictly apply to polycrystalline
metals, it does provide a useful basis for understanding the effects of R
(20 21)value on deep drawing. Backofen et al 1 applied it to sheet material, 
assuming rotational symmetry about the sheet normal for convenience, i.e. 
planar isotropy. Hill’s yield criterion then reduces to :
(<r - cr )2 + (<r - o")2 + r(ct - <r)2 = 2Z2 (1)y z z x x y
where x and y are the two directions of principal stress in the plane of 
the sheet and z is the sheet normal; X, Y and Z are the uniaxial yield
stresses in the x, y and z directions respectively, with X equal to Y.
Backofen et al also showed that :
Z = X (2)
Clearly the through thickness strength of a sheet increases for R > 1.
For the special case of loading in the plane of the sheet (i.e. <P = 0),Zi
Equation 1 becomes :
n 2 ' < r 2 -  K < r ( ^ )  - e)
The yield conditions for equation 3 are shown in Figure 4 for various
values of R and different stress ratios a = (F/ (T  * For conditions of
plane strain (£ =0), the stress ratio becomes a = fll[3 and this
y l+R
condition is shown by the dashed line in Figure 4. This corresponds to
the situation in the wall of a cup undergoing deep drawing, and it can be
seen that the stresses required to initiate yielding are increased for
R > 1. On the other hand, the stress state in the flange of a deep
drawing blank corresponds to a s= -1, and in this case the stresses
required to initiate yielding are decreased for R > 1. This accounts for
the importance of R value in deep drawing. Increasing R decreases the 
lo ad  -required -for defo r- cutic-yi wht/e* nt a re a s  m g  H e
load-carrying capacity of the cup wall, the potential failure region.
(1*0Rotational symmetry is rarely observed in practice and IdLlet and 
(22)Wilson have shown that when rectangular or square cross-sections are 
drawn the best formability is obtained when the directions of highest R 
value are parallel with the diagonal directions of the component.
The forming limit for stretching is mainly dependent on the extent
the material can deform under biaxial tensile stresses, and the requirement
(9 23 27)is for a high and well sustained rate of strain-hardening ’ ’
Most workers have used the uniaxial tensile test to determine this 
property, assuming the following relationship :
cr= c e n (4)
where n is the strain-hardening index, CT and £  are the true stress and 
true strain respectively, and C is a constant. Equation 4 has usually 
been found to describe adequately the stress-strain behaviour of poly­
crystalline metals after several percent elongation. Several workers
have investigated the influence of n on the bulge and JErichsen tests,
(l4 24-27)using a range of metals including steel * . While all found some
correlation between the results, it was evident that the value of n could
not account uniquely for the stretching behaviour. Some investigators 
have suggested that other p a r a m e t e r s 24-28) ^er^ve^ from tensile
tests may be better measures of the strain-hardening behaviour of a
Figure k . Yield loci for sheet material with anisotropy having
rotational symmetry about the sheet normal. The dashed line 
defines the stress ratio (a) for a state of plane strain for 
various levels of normal anisotropy. (After Backofen 
et al., Ref. 20).
material, and the following have been proposed; Eu, U.T.S./y,S», U.T.S./ 
F.S*io^, U.T.S./Y.S* x Eu and U.T.S./F.S.^^ x Eu, where Eu is the uniform 
elongation, U.T.S. is the ultimate tensile strength, Y.S. is the yield 
stress and F.S.^^ is the flow stress after 10^ elongation. However, 
none of these parameters was able to predict satisfactorily the behaviour 
of the materials during biaxial stretching*
The effect of & value on biaxial stretching is not well-established.
It has been suggested that high R values may reduce the instability strain
(22)in critical regions, thereby reducing formability . However, it has 
also been suggested that high R values may cause the strains to be more 
evenly distributed, and this would counteract the former effect. The 
recent results of Jenkins and Wilson support this view as they found 
that an increase in R from 1,15 to 1.95 had no net effect on the stretch- 
formability of a rimming steel.
The fundamental properties controlling stretch-forming are clearly 
not understood completely, although strain-hardening obviously plays an 
important role. A major problem is that the strain-hardening character­
istics determined from a uniaxial tensile test may not necessarily apply 
at the higher strains obtained in biaxial stretching •
B. Anisotropy
(23)Three causes of anisotropy have been recognised in sheet metals ;
(i) internal stresses, giving rise to the Bauschinger effect, (ii) mechanical 
fibering, usually due to chemical heterogeneity, and leading to low trans­
verse ductility, and (iii) crystallographic texture, which can influence the 
entire deformation behaviour. It is the last of these which is of 
interest as the first two only produce isolated effects.
The fact that crystal properties are generally anisotropic has been
known for a long time, but it is only in the last 50 years that metal
crystals have been grown large enough to enable scientists to study their
(31)properties . It was originally thought from the optical properties of
cubic minerals that all properties of cubic structures were isotropic but
this is now known to be untrue. Some metallic properties such as
electrical resistivity, heat conduction and thermal e.m.f. are still
believed to be isotropic, but the elastic and plastic properties (e.g.
(31 32 33)
Young's modulus, yield stress and strain hardening) are anisotropic * ’
Hexagonal structures, with their lower symmetry, usually exhibit a greater 
degree of anisotropy than do cubic structures.
If a single crystal of a material exhibits anisotropic properties, 
then it follows that a polycrystalline specimen of that material will also 
be anisotropic if it possesses a crystaliographic texture or preferred 
orientation, although grain boundaries introduce complications. The 
growth of rolled uranium during thermal cycling due to the anisotropy of
(3*0thermal expansion is one of the more famous examples , In 1935?
(35)Goss produced an iron-silicon alloy sheet having a high magnetic 
permeability in the tolling direction which could be used to advantage in 
transformers. It was found to have a strong flio} <D01> texture which 
accounted for its behaviour, as the ease of magnetisation in iron is 
greatest in the <Q01> directions .
(37)Burns and Heyer were the first to study the effect of orystallo-
graphic texture on the plastic strain ratio R. They assumed that slip took 
place in iron in <111> directions, the slip plane being unimportant, and 
theoretically calculated the dimensional changes occurring in single 
crystals of various orientations when strained in tension. Their findings 
enabled them to correlate, in a general qualitative way, the X-ray pole 
figure data and R values obtained on a range of rimming and killed steels. 
This work indicated that the (111) [no] texture which frequently occurs 
in sheet steel was desirable for enhancing the average R value, and this 
was corroborated by further v/ork by Heyer et al^^. White ley and Wise^^ 
found that for high R values any { m 3  or cube-on-corner orientation was 
desirable, and in addition, that the £l00} or cube-on-face orientation 
was undesirable.
(37)Despite the fact that Heyer et al obtained reasonably good
agreement between theoretical and experimental results, Hosford and 
(21)Backofen pointed out that their assumptions for determining the
resolved strains were in error and should have taken account of both slip
(32)plane and slip direction, as required by Schmid's law . Vieth and 
'Whiteley^**^, using Schmid's law, calculated theoretical R values for a 
range of orientations. They considered four different mechanisms; 
crystallographic slip on {lio}- , {ll2} and £123} planes, and pencil
glide, both with and without rotation of the lattice. In each case slip 
was assumed to be in <111> directions. Their results were compared with
those obtained experimentally on iron single crystals and all four 
mechanisms gave reasonably accurate results, with those predicted by pencil 
glide with rotation perhaps being the best. These results indicated that 
although {ill} orientations were favourable for high R values, {oil} 
and £ll2} and those orientations between the two were even more 
favourable. The worst orientation was that with £l00}- in the plane of 
the sheet.
The above workers all acknowledged that work on single crystals need
not necessarily predict the behaviour of textured polycrystalline material.
(21)Hosford and Backofen have considered this problem of constraint using
(41)
a modified version of Taylor's analysis. Taylor showed that to
maintain continuity between neighbouring grains in a polycrystalline metal 
undergoing plastic deformation a minimum of five slip systems must be 
operating. These systems must be independent in the sense that shear 
caused by one could not be produced by any combination of the others.
Taylor suggested that the systems operating would be those for which the 
sum of the incremental shear strains on all of the active slip systems was 
a minimum. Using these principles, Hosford and Backofen calculated the 
average R value for several textures with rotational symmetry about the 
sheet normal and their results are shown in Figure where
The most favourable orientation was {ill} , with '{oil} and £ll2} less i 
and -flOO} was poor. These results are in agreement with experimental 
results. Although the analysis was restricted to slip on £llo} <L11> 
systems, the authors claim that restricting slip to <111> directions 
accounted for a greater part of the anisotropy than confining slip to six 
{lio} planes. As the other slip systems in b.c.c. metals also have 
<111> slip directions, these results are probably the most useful 
available at present, despite their limitations.
C. Texture Development
1. Hot Rolling Textures
Materials for cold rolling are usually prepared by hot rolling, and 
it seems likely that any texture present after hot rolling could influence
(42)the subsequent development of the cold rolling texture. Goss , using
out
mild steel, found that when rolling was carriedvat a temperature between
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190°c and 370°C the texture was random. Above 370°C he found a {lio}
(A3)
<D01> texture. However, Nusbaum and Brenner showed that this was 
probably a surface texture, the main texture below the surface being f100$
( W  ;<D11> above 200°C. Akamatsu , using a rimming and a killed steel,
found a weak flOOj <011> texture when a finishing temperature of 870°C
(A5)
and a coiling temperature of 630°C were used. Bennewitz also found
this texture in carbonyl iron, although the surface texture was £ll0^ <D01>. 
(39)Whiteley and Wise , however, using rimming and killed steels, found that
a finishing temperature of 860°C produced a random texture. With a
finishing temperature of 771°C they found the steels had {lio} greater
than random while £lOC)} and -{ill} were less than random. It was not
specified whether these were surface textures or not. Richards and 
(A6)
Ormay also found that high finishing temperatures (>870°C) produced a 
random texture in mild steels. With a lower finishing temperature they 
found a slight (211) [ llll texture at the surface, (110) Cool] at a
depth of 0.010-0.013 inch, and the usual cold rolling texture below 
0.025 inch*
These results indicate that rolling above ^  870°C results in a 
random texture while rolling below that temperature produces a 
predominantly £100} <011> texture, with flio} <001> at the surface.
It seems likely that if steel is rolled in the fully austenitic condition 
any resultant texture is destroyed by the transformation, whereas
if rolling is carried out in the a or a + y fields then the texture 
produced in the ferrite can be retained down to room temperature.
2. Gold Rolling Textures
Investigations of rolling textures in iron and other b.c.c. metals
(A-7)prior to 1952 have been reviewed by Barrett . Most of the pole
figures up to that time were obtained using the X-ray film method where it 
was difficult to measure the diffracted intensities quantitatively. The 
majority of workers agreed, however, that the b.c.c. cold rolling textures 
could be described by two fibre textures; the main one having a <110> 
fibre axis in the rolling direction and the other having a <111> fibre axis 
normal to the plane of the sheet.
Since 1952, several workers have used the more sensitive diffracto-
(A8)
meter method of pole-figure determination. In 1956, Haessner and Weik
published results for carbonyl iron cold rolled 30%, 60%, 80% and 90%, and
described the textures using three components; A - £100} <011>, B -v
a<110> duplex fibre texture with its axes at 35° from the sheet normal
towards the rolling direction, and C - a <100> fibre texture wi.th its axis
in the rolling direction. Textures A and B were present at 30% reduction
and above; while C appeared above 60% reduction. Texture A was weak at
(A-9)
all reductions. Mdller and Stablein , using silicon-iron, obtained 
similar pole figures to those of Haessner and Weik. They interpreted them 
somewhat differently, although still using three components; - a <L10> 
fibre axis in the rolling direction similar to C above, - a <L11> fibre 
axis normal to the plane of the sheet, and W^-a <L00> fibre axis, also 
normal to the sheet plane. This description was quite similar to those 
reported by Barrett, and more recently, by Takechi et al^^.
(A5)
Bennewitz studied the rolling textures of a low carbon steel and 
a 3% silicon iron and found both materials gave similar results# At low 
reductions rotation occurred about a <L10> fibre axis transverse to the 
rolling direction. After medium reductions a duplex <110> fibre texture 
appeared with axes at 30° to the sheet normal towards the rolling 
direction, similar to component B above. Finally, after heavy, reductions, 
rotations occurred about a <L10> fibre axis in the direction of rolling.
Several other reports on cold rolling textures in iron and steel 
(AA A6 51 52 53)have been published ’ ’ ’ ’ . They are less comprehensive than
the previous reports as they are concerned with the textures present in the 
high reduction range which are of interest to industry. All of these 
results are in reasonable agreement with the earlier work and indicate that 
impurities and precipitates', at low concentrations, have little effect on 
texture development.
3. Recrystallisation Textures
(A7)
Barrett has reviewed early investigations into the recrystall­
isation textures of cold rolled iron and low carbon steels and describes the 
primary textures as the rolling texture rotated 15° clockwise and anti­
clockwise about the sheet normal, plus a fill} <112> component.
Using the same carbonyl iron as in their rolling studies, Haessner 
and Weik^^ investigated the effects of cold reduction and recrystallisation 
temperature on recrystallisation texture. After 30%, 60% and 80% cold
reduction, annealing caused an initial sharpening of the rolling texture, 
followed by a reduction in intensity as annealing time increased.
Material which had received 95% reduction gave similar results when annealed 
at 540°C but annealing at 570°C produced a new component, £llll <112>, 
which strengthened as annealing continued. After 97*5% reduction the
£lll} <112> component occurred during annealing at 540°C. Mtfller and
(A9) . .
Stablein obtained similar results on two silicon irons, one containing
0.052% carbon and the other 0.011% carbon. After annealing for 3 hours at
temperatures in the 500°C-1300°C range after cold reductions of 48% and
73%1 both materials gave textures which were weakly developed but which at
low temperatures were similar to the rolling texture. After 92% reduction
both materials retained the rolling texture to some extent when
recrystallised at 500°C, but a {ill} <112> component was also present.
This component increased in intensity as the annealing temperature increased
to 1000°C.
Several other reports have been published which relate mainly to
recrystallisation textures formed after cold reductions in the 60-95%
(A4 50-53) c 7range 1 . They agreed generally that a £111$ fibre texture with
its axis normal to the plane of the sheet was the main recrystallisation
texture, and that the £llll <112> component (or £554} <225>) became
dominant at high cold reductions. Weaker £l00} and £ll2} textures were
usually observed also.
Considerable work has been done on the effects of precipitates on 
secondary recrystallisation where the advantages of certain orientations for
(54)magnetic applications have been known for more than 30 years • However, 
investigations into the effects of precipitates and solutes on primary 
recrystallisation in iron and steel have largely been confined to the last 
10 years during which time the importance of plastic anisotropy has become 
increasingly understood.
It has long been established that aluminium killed steels, when
processed in a particular way, provide very good material for pressing
(55-57)operations. Early work by Rickett et al established convincingly
that the key to producing this enhanced formability was that aluminium 
nitride must be precipitated during the final anneal. Aluminium nitride 
formed prior to cold rolling does not have the same effect, evidently 
because it precipitates almost entirely at grain boundaries in the absence
(57 58)of a cold worked structure 5 . This means that the solution
temperature prior to hot rolling has to be high enough to take sufficient 
aluminium and nitrogen into solution, and that the cooling rate after hot 
rolling has to be rapid enough to prevent subsequent precipitation of
aluminium nitride. Industrially, the cooling rate is usually controlled by
(39) (59)water sprays. Whiteley and Wise and Atkinson et al investigated
the effects of hot mill variables on the subsequent annealing textures and
R values of aluminium killed steel. Both found an increase in { m l
textures and R values when the hot rolling finishing temperatures were
high and the coiling temperatures were low. Several investigations have
been made into the differences in texture between rimmed and killed steels
— (xq AA A6 60 61)
when the latter has been processed to give high R values * ’ * ’ .
There was general agreement that the two materials gave similar textures
but the killed steels exhibited higher £lll} intensities and lower £lOOl
— (39)intensities than did the rimming steels. Typical R values for the 
two types of steel as a function of prior cold reduction are shown in 
Figure 6. The fall in R at high cold reductions has been attributed to
decreases in the £lll} components'^ and increases in the flOO} and {ll^ f}
. (39,62) components T ,
The usual industrial practice after cold rolling killed steel is to
anneal the sheet using a heating rate of 20-kO°C per hour to 700°C. The
(63-65)sheet is then held at 700°C before cooling. Several workers have
shown that this slow-heating rate plays an important part in obtaining 
high R values; increasing the heating rate to 500°C per hour progressively 
decreased the R value. There was also a corresponding change in the 
annealed grain structure. With slow heating rates characteristic "pancake” 
grains developed which were similar in shape to the cold rolled grains. ,(jT-Z\
Industrial interest in rapid annealing cycles led Richards to study the 
influence of pre-recrystallisation recovery treatments on the final annealing 
texture of killed steels. He found that holding at 500°C for 2 hours 
followed by a heating rate of l80°C per hour to 690*C .produced R values 
which were comparable to those produced by conventional annealing. However, 
when a heating rate greater than l80°C per hour was used, the R values 
decreased.
The mechanism favoured by most of the workers referred to above was 
that aluminium nitride precipitated at the cold-worked grain boundaries
2.0
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and sub-boundaries, thereby restricting the number of nucleation sites and 
generally slowing down recrystallisation, while the aluminium nitride at 
grain boundaries provided a barrier to grain growth and accounted for the 
elongated ’’pancake" grain structure. However, no evidence was found by 
any of the above workers, either by analysis or electron microscopy, of any 
aluminium nitride precipitation until recrystallisation was almost complete. 
The theory was therefore amended and the effects during the early stages 
of recrystallisation were attributed to pre-precipitation clustering of 
aluminium and nitrogen. The theory did not explain the crystallographic 
effects however.
Little work has been done on the influence of alloying elements, apart
from aluminium and nitrogen, on the texture formation and R values of iron
(53)and steel. Leslie , using an iron-0.8% copper alloy, showed that the 
precipitation of the copper-rich phase after cold rolling produced 
elongated grains in the final annealed structure. However, this tended 
to retain the cold-rolled texture and did not develop the strong -{ill} 
components found in killed steels. When the copper-rich phase was 
precipitated prior to cold rolling the annealing texture was almost random. 
Wacquez and van Daele^^ found that the addition of 0.2^ copper to
— f Cxz \
rimming steel improved the R value while Teshima and Shimizu found that
up to 0.1# copper had little effect. Both found improvement with the
addition of 0.02-0.08% phosphorus, although ductility was reduced.
(65)
Teshima and Shimizu also found that the addition of 0,06% titanium to 
a phosphorus containing steel reduced the R value and concluded that 
titanium and other carbide and nitride forming elements were unfavourable.
(15 52)Evans et al ’ carried out an investigation into the effects of 
a comprehensive range of alloying elements on the formability of high 
purity iron annealed at 700°C. Improvements were generally found in R 
values when the iron contained alloying elements either having a high 
affinity for dislocations and grain boundaries or a tendency to form 
precipitates. In particular, the Fe-Al-N, Fe-Nb-C and Fe-Ti-C systems 
all produced R values which were considerably higher than those obtained 
with killed steels, and all exhibited very strong {ill} <L12> type textures. 
While the Fe-Al-N alloy only produced high R values when processed so that 
aluminium nitride formed during annealing, the Fe-Nb-C system produced 
high R values when niobium carbide was precipitated prior to cold rolling.
The best R value was obtained on the latter alloy when it was furnace 
cooled after hot rolling. This treatment produced niobium carbide particles
o o
of 120-200A diameter and an interparticle spacing of 500-2000A.
Precipitation was not investigated in the Fe-Ti-C alloy but it seemed likely 
that titanium carbide would have precipitated during cooling after hot 
rolling. The authors suggested that the niobium and titanium carbides 
were having a similar effect during annealing to the aluminium and nitrogen 
clusters in killed steels. The reason niobium carbide and titanium 
carbide could be precipitated prior to cold rolling and still be effective 
in controlling the recrystallisation texture was attributed to their high 
thermal stability.
(67)Recent work by Shimizu et al on a series of steels annealed at
710°C confirmed that titanium additions could have a beneficial effect on
texture and R values. They showed that further very marked improvements
were possible when grain growth occurred at 870°C, and an R value of 2.^7
was reported. Useful improvements in n and Erichsen value also occurred.
The authors claimed that for these spectacular results to occur the steel
should contain less than 0.02% carbon and have a titanium to carbon ratio
greater than A, after allowing for titanium loss as oxide. In addition,
the oxygen content should be less than 0.015%, otherwise drastic reductions
occurred in the R value and {ill? intensity. This sudden transition was
attributed to a change in the form of titanium oxide at low and high
oxygen levels. The results of similar experiments carried out by Blickwede
( c.p. \
and his associates have also been published recently in abridged form. 
They investigated the effect of grain growth in a rimming and a killed 
steel as well as in two titanium steels with different titanium to carbon 
ratios. A linear relationship between average R value and A.S.T.M. grain 
size was found for each material, and was expressed by the following 
equation :
R = R - wN (5)o
where R was the average plastic strain ratio, N was the A.S.T.M. grain size
and R and w were constants. R was different for each steel but as the o o
slopes of the lines were approximately parallel the authors concluded that
w was relatively insensitive to the type of steel. As the results of 
(67)Shimizu et al fitted their line for a steel with a titanium to carbon 
ratio of 12, Blickwede pointed out that the transition in behaviour above
0.015$ oxygen could be readily explained by grain growth inhibition.
Several other i n v e s t i g a t o r s ^ h a v e  reported improvements in 
the R value or texture of annealed rimmed and killed steels when grain 
growth occurred, but the improvements were not nearly as great as those for 
the titanium-bearing steels.
k. Recrystallisation Texture Theories
There are two main theories on the origin of primary recrystallisation 
textures; the oriented-nucleation theory and the oriented-growth theory. 
That is, are the orientations absent from or weakly represented in the 
recrystallisation texture suppressed because of the unavailability of nuclei 
in these orientations (oriented-nucleation) or because of the inability of 
such nuclei to grow to an appreciable volume in competition with nuclei of 
other orientations (oriented growth)
(71)The oriented-growth theory was proposed initially by Beck and is 
based on the well documented dependence of growth rate on the orientation
(R/f)
relationship between matrix and growing grain • For example, Liebmann 
(72)et al found that maximum growth rates occurred in aluminium when the
growing grain was related to the matrix by *t0° rotations around common
<111> directions. The maximum growth rate relationship for b.c.c. metals
( 5 k )has usually been found to be ~27° rotations around common <110> poles .
The explanation for this oriented-growth behaviour has generally been
based on a concept of boundary structure first proposed by Kronberg and 
(73)Wilson . They noticed during a study of secondary recrystallisation m  
copper that the lattices of the old and new grains had a common sub-lattice. 
This sub-lattice or coincident lattice consisted of an array of atomic sites 
that lay on the lattices of both grains. Kronberg and Wilson suggested 
that boundaries possessing a high density of coincident sites on either side
(7*0of it had a high mobility. It was shown later by Brandon et al that
boundaries related by 27° rotations around common <110> directions in b.c.c.
materials possessed quite high coincident site densities. However,
(73)Li took the view that boundaries having these ideal relationships, i.e. 
high coincident site densities, were low mobility boundaries because the 
porosity was low and it was only when the grains deviated from the ideal, 
thereby increasing porosity, that the boundary mobility was high. This 
was supported by the fact that most of the preferred growth relationships
that have been observed were, at best, an approximation to Kronberg- 
Wilson boundaries and were usually several degrees away.
Although most of the studies on oriented-growth have been done on
(76 77)single or bi-crystals, Dillamore ’ applied the results from them to 
the case of polycrystalline b.c,c. and f.c.c, metals. He considered a 
full range of possible nuclei and, taking into account the range of 
orientations present in the cold worked matrix into which the new grains 
were to grow, was able to achieve a reasonable degree of success in pre­
dicting the observed recrystallisation textures,
(nQ)
The oriented-nucleation concept was first proposed by Burgers ,
but it suffered initially from a lack of any detailed knowledge of the
nucleation processes • There are now two generally accepted models
for the formation of recrystallisation nuclei in deformed metals. In
(79 80)the polygonisation or subgrain growth model ’ it is proposed that
subgrains form during annealing at regions of severe lattice distortion.
Subsequently, some of these subgrains grow by dislocation movement and
annihilation until they are partially bounded by a high angle boundary
(8l)and are then able to grow rapidly into the cold worked matrix. Hu
proposed a slightly different mechanism, suggesting that subgrains rotate
and coalesce rather than grow at the expense of their neighbours. The
(Qo)
other model is that developed by Bailey and Hirsch and has been called 
bulge or grain boundary nucleation. In this model an already existing 
grain boundary bulges out when there is a sufficient difference in 
stored energy between the neighbouring grains. Bulging occurs into the 
grain with the higher stored energy.
It is apparent from these models, with the exception of Hu's
mechanism, that the orientation of recrystallisation nuclei would be similar
to that of the cold worked parent matrix and proponents of the oriented-
nucleation theory have argued that this supports their case, especially
if various cold worked orientations have different recrystallisation
r a t e s p n general, however, the oriented-growth theory has been more
successful in accounting for the development of recrystallisation 
(5*+)
textures
(77)It was mentioned earlier that Dillamore had some success m  
predicting tile recrystallisation texture of b.c.c. metals using the 
oriented-growth theory. He admitted, however, that it did not readily
account for differences in texture which occurred in killed steels when 
annealing temperature, rate of heating and composition were varied.
/07\
In a further investigation, Dillamore and Fletcher studied the 
influence of pre-recrystallisation heat treatments on cold rolled rimming 
and killed steels. They found that the cold worked substructure began to 
recover between 300-*f00°C in the rimmed steel, while remaining essentially 
unchanged in the killed steel at temperatures up to 500°C. Recovery 
retardation in the latter case was attributed to pre-precipitation 
clustering of aluminium and nitrogen. Quite similar conclusions wore 
reached by Michalak and Schoone^^^, although J o l l e y f o u n d  no difference 
in the recovery rates of rimmed and killed steels. Dillamore and 
Fletcher suggested that their observations could account for the textural 
differences found in rimmed and killed steels after slow heating-rate 
annealing. . Considerable recovery in the rimming steel would mean that 
some selective nucleation could occur d ’e to different recovery rates of 
different orientations, and the driving force for grain boundary migration 
would be reduced. This would result in competition between bulge 
nucleation and subgrain growth. It was suggested that in killed steels, 
with recovery inhibited, bulge nucleation would predominate.
The argument in favour of oriented-nucleation was amended and 
developed further in a later paper by Dillamore et a l ^ ^  in which results 
for high purity iron, a rimming steel and a killed steel were given.
After cold rolling 70% electron microscopy techniques were used to 
determine subgrain size and misorientation for various orientations in the 
cold worked matrix, which consisted largely of a spread between (001) [lio] 
and (I10)[ll0], Values of stored energy were calculated from these data, 
and they exhibited a maximum for (110) [ lio]falling continuously to a 
minimum for (001) [  lio], similar to that reported by Takechi et al^^,
Pole figure measurements indicated that the converse was true for the amount 
of each orientation present in the cold worked matrix. All three 
materials gave similar results in the cold worked state. The three 
materials also exhibited similar pole figures after annealing at 700°C, 
viz. a spread (ill) [ 110] component with (001) [ 110] also present, but 
inverse pole figure data indicated important differences in intensity.
The authors claimed that the oriented-growth theory could account for the 
spread (ill) [  110] component but failed to predict the (001) flio] 
component. They considered oriented-nucleation, both at grain boundaries
and within the grains, and showed theoretically that grain boundary 
nucleation would only occur for orientations close to (001) [lio] growing 
into (110) flioj. Their analysis predicted fully the observed recrys­
tallisation texture. It was further proposed that the precipitation of 
aluminium nitride in killed steels prevented grain boundary nucleation, 
thereby reducing the amount of (001) flio] , while the segregation of 
aluminium and nitrogen within the matrix inhibited general sub-grain growth, 
thereby preferentially aiding the nucleation of the higher energy (ill) 
lio]sub-grains. This work was consistent with the results of other studies
where it was observed that recovery , sub-grain growth^^J^ ^  and 
(86)nucleation in grains with £222? orientations was faster than in
grains with £200? orientations. The combined results of these studies 
suggested that oriented-nucleation is important in the early stages of 
recrystallisation in iron, although not denying that oriented-growth may 
provide further selection as recrystallisation progresses#
D. Recrystallisation and Grain Growth
In the previous section, a review was made of the effects of 
precipitates and solutes on texture development in iron during annealing. 
There is also a considerable amount of published information on their more 
general effects on the kinetics of recrystallisation and grain growth of 
metals.
The presence of precipitates during cold rolling and annealing has 
been reported to both accelerate and retard recrystallisation. For
(88)example, acceleration has been observed in steels containing cementite
and oxideparticles and in Cu/SiOp^ ^ \  Al/Cu^"^ and Al/Al^Fe^
systems, -while retardation has been observed in systems such as Fe/Cu ,
Ni/Ta^^, A1/Cu^91\  A l/A l  0 ^ 5 )  ^  Cu/Si0 J '9° \  This apparent
(90 91)
paradox was largely resolved by the work of Martin et al * . They
demonstrated that both accelerated and retarded recrystallisation could be 
induced in aluminium and copper by changing the interparticle spacing. 
Retardation occurred when the interparticle spacing was ^ 1  p,m or less, 
while acceleration occurred for interparticle spacings greater than ~ 1  pm. 
This criterion applied quite well to the other results referred to above. 
There is general agreement that widely spaced precipitates accelerate 
recrystallisation by increasing matrix nucleation as the dislocation
density, and hence the driving force for subgrain growth, in the vicinity 
of precipitates is enhanced during cold work. Embryo nuclei formed near 
these widely spaced precipitates should then be able to grow readily to 
a viable size (iie. so that at least part of their boundary attains a 
high angle of misorientation with the surrounding matrix) and so 
accelerate recrystallisation. It has been observed that the nucleation 
rate increased as the interparticle spacing decreased in materials where
(88 89 92)accelerated recrystallisation occurred 1 ’ • However, it has been
(91 92)proposed 1 that as the interparticle spacing is reduced a stage is 
reached where the embryo nuclei formed at each precipitate begin to 
impinge on neighbouring precipitates before they attain a viable size, 
and further growth is inhibited. Nucleation then becomes progressively 
retarded as the interparticle spacing is reduced further.
These effects of interparticle spacing on nucleation are illustrated
, (91)in Figure 7» where the combined results of Doherty and Martin and
(92)Mould and Cotterill for aluminium are shown. Reductions in the 
interparticle spacing caused the nucleation rate to increase until an 
interparticle spacing of pm was reached; further reductions in inter­
particle spacing then led to a marked drop in nucleation rate. It can 
be seen from Figure 7 that the precipitates had considerably more effect
on the formation of nuclei than on their subsequent growth, and this has
(33 gif. 95)
also been observed in other studies * 1 . The probable reason for this
is that the difference in stored energy between a recrystallised region 
and a cold worked region is so great that boundary curvatures of very small 
radii can be formed, and these pass between the precipitates and grow 
around them^^\ Both the inherent and apparent boundary mobilities are 
therefore little affected when the interparticle spacing is large, although 
the apparent boundary mobility will probably be reduced somewhat at 
smaller interparticle spacings, as shown in Figure 7*
Retardation of rocrystallisation in iron has also been reported when
(97) (93)precipitation of manganese sulphide and a copper-rich phase
occurred after cold rolling but prior to recrystallisation. These
precipitates were finely dispersed and were assumed to have inhibited the
growth of subgrains in a manner similar to that proposed above.
The addition of solutes to metals has usually been reported to 
cause retardation of recrystallisation. For example, retardation has
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Figure 7, The effect of interparticle spacing on the nucleation (N) 
and growth (G) rates of aluminium alloys, (Circles$ after 
Doherty et al, Ref.91e Squares; after Mould et al, Ref.92.)
(98) (99)been observed when zirconium and copper were added to aluminium,
and when molybdenum and chromium were added to n i c k e l ^ T h e
addition of a wide range of substitutional elements to iron has also been
found to lead to retardation of recrystallisation^'^,^ ,^ ,'^‘^ . Recent
r e v i e w s i n d i c a t e  that most of the quantitative data available on
the influence of solutes on recrystallisation are concerned with their
effect on grain boundary migration rather than on nucleation, and there is
general agreement that solutes retard grain boundary mobility. Liicke
and Detert^”^  proposed that solute atoms form an atmosphere at grain
boundaries due to elastic interaction, and that this atmosphere creates a
drag as it diffuses along with the moving boundary, thereby reducing
mobility. Several modifications have been made to this theory
but a successful quantitative explanation of all of the observed phenomena
has not yet been found. This is not surprising as a detailed knowledge
of the diffusion and interaction behaviour of solutes at and near grain
boundaries is still lacking, and the theories make no allowance for
recovery changes occurring ahead of the moving boundary. The work of
(101)Abrahamson and Alexander also indicates that electronic effects make
an important contribution to the overall solute-boundary interaction 
energy in addition to elastic effects.
However, the basic assumption of Lticke and Deterts original theory that 
the retardation of grain boundary mobility is due to solute atmospheres 
intereacting with them appears to be sound. Moreover, it seems likely 
that similar solute interactions would occur with dislocations and 
vacancies, thereby retarding nucleation. These interactions would be 
expected to reduce the mobility of dislocations and Vacancies, and so 
hinder the rearrangement of dislocations in subgrain walls and the growth 
of subgrains which are required for matrix nucleation. The generally 
observed increase in the recrystallisation temperature of metals when 
solutes are added is consistent with that proposal.
The recrystallisation behaviour of enamelling iron has been of 
particular interest to steel-producers. These grades of iron usually 
have a lower manganese content than the usual rimmed or killed steels, and 
they sometimes exhibit retarded recrystallisation. It now appears that 
retardation occurs when both the oxygen and sulphur levels are 
high^^’^ ,'^^,'^ )^ . Under these conditions there is insufficient
manganese to combine completely with the oxygen and sulphur, and the 
retardation of recrystallisation has been attributed to sulphur in 
solution.
The data available on the effects of the important interstitial
elements, carbon and nitrogen, on recrystallisation in iron are somewhat
(107)contradictory. Talbot reported that an increase in carbon content
from 0.0015% to 0.015% raised the recrystallisation temperature from
300°C to A50°C* In contrast, Venturello et £q/-^ 8,109) foun(j that up to 
0.0086% carbon and 0*0¥/o nitrogen caused only quite small increases in the 
recrystallisation temperature. They claimed that the retarding effects 
of carbon and nitrogen wehe largely offset by a higher* driving force for 
recrystallisation, as recovery prior to reCrystallisation was considerably 
reduced as the carbon .and nitrogen content increased.
The theory of normal grain growth has been considered by several
people. Zener^"*"^ proposed that the driving force for grain growth was
provided by the associated reduction in grain boundary area, and that the
driving force was proportional to y/r, where y was the grain boundary
energy per unit area and r was the average radius of curvature of the grain
boundaries. This relationship has now been generally accepted in
(111)principle, although it was pointed out by Gladman that the calculated
driving force was probably too high as no allowance was made for the effect 
of other interfaces attached to each grain. However, this approach did 
not consider the distribution of grain sizes which usually occur in poly­
crystalline metals, and in particular did not account for the
experimentally observed phenomenon that larger grains usually grow at the
(112)expense of smaller grains . More recent theoretical treatments,
using the i!defect model”, have satisfactorily explained these 
(113 llA)observations ♦ In these treatments the number of sides to each
grain was considered to be dependent on grain size, the number of sides
increasing as the grain size increased, and this was observed
(113)experimentally . As a result, the internal angles at the intersections 
of grain sides generally increase with increasing grain size, and 
consequently neighbouring grains of different size are not in equilibrium.
It was shown theoretically that the movement of grain boundary intersections 
towards equilibrium configurations, together with a tendency for grain 
boundaries to straighten, would result in the consumption of small grains
by large grains. Grains of medium size would change little initially but 
would eventually become "small” grains and be consumed as the average 
grain size increased.
It has long been established that grain growth is retarded in the
(112)
presence of precipitates . The ability of aluminium nitride 
precipitates to limit the austenitic grain size of steels is a notable
-1 C')
example where this effect has been used to advantage . Precipitates 
are thought to retard grain growth by reducing the grain boundary area, and 
it was proposed by Zener^'^ that the pinning or retarding force was 
proportional to f/r, where f is the volume fraction of precipitate and r is
the precipitate radius. The theory of grain boundary pinning by
. . (ill)precipitates has been extended by Gladman . He considered the energy
changes which occur during grain growth, and derived the following
equation :
r* = 6r0f U  -
TT I2
where r* a critical particle radius above which grain growth can occur 
spontaneously, 
rQ = matrix grain radius, 
f = precipitate volume fraction,
z = the ratio of radii of growing grains to matrix grains.
Experimental results obtained on steels containing aluminium nitride
and niobium carbide precipitates were in good agreement with Equation 6.
It is implicit in Equation 6 that grain boundary pinning becomes less
effective as the precipitates coarsen and as z increases, i.e. as the
relative size difference between neighbouring grains increases. As a
consequence, it seems likely that precipitates would assist further the
preferential growth of large grains. A similar conclusion was reached in
(11*0a theoretical study by Hillert •
There is' very little data available on the influence of solutes on 
grain growth, although some retardation would be expected in view of the 
effects of solutes on grain boundary mobility reviewed earlier. A very 
marked retardation of grain growth in iron-sulphur alloys has been 
reported, and was attributed to a high concentration of sulphur in the 
vicinity of the grain boundaries ^.
E. Strain Hardening
It was apparent in a previous section that a high strain hardening 
index (n) was generally desirable for good stretch-forraability. In view 
of this there are surprisingly few reports on the effects of metallurgical 
variables on the value of n in iron and steel.
The effect of substitutional alloying elements on the strain 
hardening index was studied by Gensomer^'*''^ and Blickwede and they
agreed that such elements reduced n. In addition, Blickwede found that the 
reduction in n was inversely proportional to the solubility of the -element 
in ferrite. Little is known of the influence of interstitial elements in
/ -t 1  o  \
solution but there are indications that they have little effect 
Considering the amounts of alloying elements usually present in low carbon 
steels it seems likely that the solid solution effects on n would be very 
small.
Edelson and Baldwin^showed that second phase particles had an
adverse effect on the strain hardening index of copper, and deduced that
the volume fraction of precipitate was the important parameter.
Precipitates in steel have also been shown to reduce n but in these cases
(68 117)the important parameter was mean free ferrite path 1 •
A study by Morrison^*^ on a range of steels suggested that grain 
size had an important effect on the strain hardening index. He found 
that n increased with increasing grain size, and a similar result was 
reported by Blickwede^0^. However, E v a n s f o u n d  no such effect 
during a study on rimming steel.
F. Alloy Systems
1, Iro n-Titanium-Carbon
The iron-titanium phase diagram has been published in Comstock’s 
(122)review and showed that the solubility of titanium in iron at room
temperature is approximately 2%, rising to 6 . at 1300°C. As titanium is
a ferrite stabilizer the diagram exhibited a gamma-loop.
)
Titanium is a strong carbide former and several people have studied 
its formation in austenite. Narita used iron alloys containing 0.1%
carbon and 0.03% and 0.1% titanium, and found the solubility product for 
titanium carbide to be given by :
loe10(^Ti)YWC)Y = 5 + 5.33 (7)
(12 if)
Mori et al obtained results in agreement with those of Narita, using
an iron-0.76% titanium-0.20% carbon alloy. More recently, Irving et 
a2_(l23) s-^U(jie(j precipitation of titanium carbide in steels containing 
0.1% carbon, 1*0% manganese and 0,007% nitrogen, with titanium varying 
between 0.038% and 0.35%« They described the solubility behaviour using 
the following equation :
logln(te) (^ C) = -7 ,0 0 0 + 2.75 (8)J.U y y t
No experimental results were found in the literature for the 
solubility relationships of titanium carbide in ferrite, but Sawamura and
Mori^^^ calculated the theoretical reaction energy between titanium and
carbon over a range of temperatures and predicted the following 
relationship :
log W n )  Wc) = niShoo + s .75 (9)
± \J  CX (X QP
(127)Napita and Mori found that the titanium carbide particle size
o
was ~100A when a steel containing 0.22% titanium and 0.08% carbon was 
quenched from 900°C. When precipitated at 1100°C the particle size was
o
300-10,000A. When the titanium and carbon contents were increased to 
0.46% and 0.32% respectively, particles with a diameter of several microns 
were observed after treatments at 900°C and 1100°C. Using a steel 
containing 0.15% titanium and 0.05% carbon and an ageing time of 50 minutes,
( i )
Matsuoka observed that when titanium carbide was precipitated at
0
600-1000°C the diameter of the particles was^lOOOA, The particle
0
diameter increased to 2,000-4,000A when precipitated at 1100°C.
Kuo^*^ found "threads” of titanium carbide after tempering a 0.5% 
titanium, 0.5% carbon steel for 1 hour at 650°C. The growth of these
o o
threads, which were 30A diameter and 200A long, was very sluggish even at
(IPS) *
750°C. Irving et al observed titanium carbide particles of ~30A
diameter in their materials after air cooling from 1250°C. In each of
these studies the titanium carbide did not exhibit any marked preference
to form at grain boundaries, but precipitated quite uniformly throughout 
the matrix.
21 Iro n-Boron-Nitrogen
Boron has usually been added to steel to increase hardenability, and
it was largely due to this application that the iron-rich end of the iron-
boron phase diagram was investigated^"^. The phase relationships
determined by N i c h o l s o n a r e  probably the most accurate as allowance was
made for boron loss due to oxidation. It was known for some time that
nitrogen drastically reduced the effectiveness of boron for increasing 
(132 133)hardenability ’ , and that boron could eliminate nitrogen strain-
(13*0ageing in sheet steel , and it was these effects which led to investi­
gations of the Fe-B-N system.
(133)Fountain and Cnipman determined the solubility of nitrogen in
iron-boron alloys (0.001-0.91%B) in the 930-1130°C temperature range, and 
used these results to calculate the theoretical solubility in ferrite.
The solubility was terminated by the formation of boron-nitride at low 
boron contents, and the following solubility products were reported :
log (%B) (%H) = -13.1.970 + % z k (10)
y y p
log10(^ B)a«N)a = -13,680 + lf.63 (11)
Maneschi and Beccaria added up to 0.01% boron to a 0.08% carbon steel
and determined the solubility relationships for boron nitride in the 8^0- 
1100°C temperature range. They calculated the following solubility 
product :
logln(%B) (%N) = -6,950 + 0.66 (12)
-L.U y y ip
Equation 12 predicts a higher solubility for boron nitride than Equation 10
at lower temperatures, and thdss is probably due to differences in holding
time at temperature. Fountain andChipman held their specimens at 
temperature for a minimum of 24 hours, while Maneschi and Meccaria held 
theirs for only 1 hour.
These results indicate that the ability of boron to limit the 
solubility cf nitrogen in iron is considerably greater than that of other
alloying elements used for this purpose; for example, aluminium and
v a n a d i u m , and explain the success of several workers in developing
. . . - (134,137,138)non-ageing boron steels ’ 7 .
Precipitates of boron nitride in iron have been observed and
( T ‘2C n *7A \
identified in two investigations * . The precipitates were plate­
shaped in both cases and were usually several microns diametei*.
G. Conclusions from the Literature
The crystallographic texture present in a metal sheet has a marked 
influence on its forming behaviour, and this influence increases as the 
proportion of deep drawing in the deformation process increases. The 
development and function of texture in sheet metal depends primarily on the 
crystal structure of the metal and the slip systems associated with it. 
However, variations in composition and processing can cause significant 
changes in the final annealing texture. The average plastic strain ratio 
is dependent on the texture and gives a good indication of deep-drawing 
performance. The factors influencing stretch-forming are less clear, but 
strain hardening clearly plays an important role.
For iron and steel the most important variables in the control of 
texture are composition, heat treatment prior to cold reduction, degree of 
cold reduction, heating rate to the annealing temperature, annealing 
temperature and holding time at that temperature. The most promising 
means by which texture can be improved appear to be by the use of controlled 
precipitation and grain growth, i.e. by variations in composition and 
annealing treatment.
Considerable success in texture control has been achieved with 
aluminium killed steels when the processing has been such that aluminium 
nitride precipitated during the annealing cycle. This has led to the belief 
that desirable textures are only enhanced when precipitation occurs after 
cold rolling. The difficulty in detecting aluminium nitride during the 
early stages of precipitation has hindered studies being made of the 
effects of precipitate size and distribution on texture development.
However, recent work on the Fe-Nb-C and Fe-Ti-C systems indicates that 
precipitation prior to cold rolling can also be effective in producing good 
textures for deep drawing. In the latter case, further marked improvements 
have been observed in both drawability and stretchability when grain growth
has occurred after recrystallisation.
By studying iron alloys containing precipitates which are thermally 
stable, it should be possible to ascertain the effects of precipitates on 
texture development during annealing. The effects of these precipitates 
on subsequent grain growth could also be assessed!
III. SELECTION, PREPARATION AND PROCESSING OF MATERIALS
A.. Selection
The Fe-Ti-C and Fe-B-N systems were chosen for this investigation 
because of the strong tendency of titanium and boron to form titanium 
carbide and boron nitride respectively. It was considered desirable that 
all alloy compositions studied should be within practical industrial limits 
from a metallurgical and economic standpoint.
Three nominal Fe-Ti-C compositions were chosen to study the effect of 
precipitate volume fraction on annealing behaviour, each containing the 
stoichiometric ratio of titanium to carbon (4*1) for the formation of TiC 
so as to minimise the influence of titanium and carbon in solid solution.
An upper limit on alloy content was set, on economic grounds, at 0.3% 
titanium (0il2% carbon) and a lower limit, on metallurgical feasibility, at 
0.003% carbon (0.012% titanium). An intermediate composition^ containing
0.08% titanium and 0*02% carbon completed the planned stoichiometric series. 
In addition, an alloy which had been used in a previous investigation; 
containing 0.3% titanium and 0.011% carbon, was included to determine the 
effect of excess titanium.
One composition was selected in the Fe-B-N system. As a liquid 
phase is present above *^ 'll60°C in Fe-B alloys containing more than 0.018% 
boron, a boron content of 0,01% was chosen to avoid the possibility of hot 
shortness. The stoichiometric amount of nitrogen (0.013%) for the 
formation of BN was also chosen to minimise the influence of boron and 
nitrogen in solid solution.
A high purity iron was included in the investigation as a standard.
B. Preparation
Melting and casting of the high purity iron and the Fe-B-N alloy was
carried out at the National Physical Laboratory using a procedure
(l4D)developed by Hopkins et al . Starting with Swedish iron, the 
procedure consisted of two main stages :
(i) Air melting - this resulted in a number of impurities being 
removed by oxidation while desulphurisation was effected by 
the use of a basic slag.
(ii) Vacuum melting - this involved degassing the air melted iron 
and removing oxygen from the molten metal with dried hydrogen 
at 1 atmosphere pressure.
The melting equipment used consisted of two high frequency induction 
furnaces, one a tilting furnace of 70 lbs. capacity in which the oxidising 
stage was carried out, while the vacuum/hydrogen melting was performed in 
a 50 lbsi capacity tilting unit. Each stage took approximately 8 hours to 
complete. After the second stage the high purity iron was cast under a 
hydrogen atmosphere of 10 cms* Hg. pressure. In the case of the Fe-B-N 
alloy, a hydrogen/nitrogen atmosphere was maintained during the final 30 
minutes prior to casting with a nitrogen partial pressure appropriate for 
the 0,013% nitrogen content required^ Five minutes before completion, the 
appropriate quantity of ferro-boron was added to the melt* and the alloy was 
cast under an atmosphere of the hydrogen/nitrogen mixture at 20 cms; Pig. 
pressure.
The three stoichiometric Fe-Ti-C alloys were prepared by Bichard 
Thomas and Baldwins Ltd. at Aylesbury, and the excess titanium alloy by
B.I.S.R.A. at Sheffield. Both establishments prepared the alloys by a 
process similar to that at the N.P.L., except a longer vacuum stage 
replaced the hydrogen treatment. High purity titanium and graphite were 
used as alloying additives. The starting material used at B.I.S.R.A. was 
Swedish iron, but that used at R.T.B. was less pure.
All materials were cast into rectangular moulds, 3 inches by 2 inches 
in section, yielding approximately 40 lbs. ingots suitable for hot rolling. 
The chemical analysis of material prepared and used in this investigation 
was carried out by Richard Thomas and Baldwins Ltd., and the results are 
given in Table 1.
C. Processing
1. Hot Rolling
The objectives of the hot rolling stages were to break down the cast 
structure of the ingot and produce strip for subsequent cold rolling.
Ingots were preheated in a molybdenum resistance furnace, using protective 
gas atmospheres, the compositions of which are shown in Table 2. Rolling
was performed on a two-high reversing mill built by Albert Mann & Co.
The rolls were 16 inches diameter and 20 inches wide, and the drive motor 
had a reversing time of 3 seconds. Rolling was performed at a speed of 
200 ft*/min. The mill was fitted with a radiation pyrometer located above 
one side of the roll gap, and this was coupled to an ultra-violet galvano­
meter recorder so that strip temperature was measured during alternate 
passes.
The rolling schedules are outlined in Figure 8; the two stage 
procedure was essential in order to maintain the rolling temperature within 
the y range and thereby produce a random texture in the finished strip. 
Between Stage I and Stage II each strip was air cooled to room temperature, 
cut into shorter lengths, and shot-blasted to remove oxide formed on
cooling. Rolling during Stage I wad unidirectional while in Stage II.*.
reversed rolling was employed. The foiling in Stage II was desighed to., 
produce a finished hot rolled thickness-of 0.25 inch, so that the sheet after 
rolling would be of suitable gauge for subsequent evaluation. Oxide scale 
was- again removed by shot blasting after hot rolling.
Solution and Precipitation Treatments
Solution and precipitation treatments prior to cold rolling were 
carried out in the molybdenum resistance furnace using the atmospheres shown 
in Table 2, with the exception that 100% nitrogen was used for the Fe-B-N 
alloy when aged in the a region. Preliminary ageing treatments on coupon 
samples were performed in a vacuum furnace under an air pressure of 
2 x 10 ^ mm.Hg.
3* Cold Rolling
After roll changing, cold rolling was also carried out on the I4ann 
mill. The cold rolls were identical in size to those used in hot rolling 
but the rolling speed was reduced to 100 ft./min. The rolling direction 
was reversed after each pass and PCE/14 rolling oil was used to provide 
strip lubrication.
During preliminary experiments it was noted that some materials 
exhibited some edge cracking in the early stages of rolling. This was over­
come by warming the strip to 60-80°C before rolling. The roll gap settings
Stage I
Vacuum cast ingot 
preheated for 2 hours 
at 1200°C
Initial thickness 
2 inches
,st1 pass
~  21% reduction
«nd2 pass
—  27% reduction
v
~rd3 pass 
38% reduction
, thk pass 
~  31% reduction
Finishing thickness ~  0.5 inch. 
Finishing temperature ~  9!?0OC
Stage II
Hot rolled plate 
preheated for 30 mins. 
at 1200°C
Initial thickness 
0.5 inch.
▼
nst1 pass 
—  2^% reduction
 ^r
2nc* pass 
~  33% reduction
Finishing thickness ~  0.25 inch. 
Finishing temperature ~  980°C
Figure 8. Outline of hot rolling schedule.
for each pass used in cold rolling are shown in Table 3» The negative 
signs for the last two settings indicate that the mill was preloaded to 
achieve the necessary reductions. To attain ~'90% cold reduction, the strip 
had to be given several passes through the preloaded mill. When less 
reduction was required, rolling was stopped after the appropriate pass.
Temper-rolling of the annealed sheet was carried out on the same mill. 
This consisted of a light reduction of ~1%, and was carried out under the 
same conditions as for cold rolling, but without lubrication.
4. Annealing
After cold rolling the sheet was cut into convenient lengths, degreased, 
wrapped in high purity iron foil and annealed in a protective atmosphere of 
dried argon, using a stainless steel muffle fitted into an electric furnace. 
This procedure yielded sheet with bright, oxide-free surfaces. A heating 
rate of 50°C/hour was used during the annealing cycles so as to simulate 
industrial practice.' After holding for the required time at temperature 
the muffle was air cooled to room temperature. This took approximately 6 
hours.
To establish recrystallisation and grain growth behaviour during the 
annealing cycles, subsiduary experiments were carried out on coupon samples 
which had been sealed in evacuated silica capsules. These were removed at 
appropriate intervals during the anneal, and air cooled.
IV. EXPERIMENTAL PROCEDURES
A. Hardness Testing
Hardness testing was used to help establish the precipitation and 
recrystallisation characteristics of the materials. The procedure involved 
cutting small specimens from the strip or sheet and mounting them in cold- 
setting resin so that a through-thickness section was exposed. Unless 
otherwise stated, the sections were parallel to the rolling direction. 
Hardness impressions were made using a Vickers diamond indenter after each 
specimen was polished on 600 emery paper. The load used in these tests 
was 2.5 kilograms, and the diagonal dimension of the indentation was never 
greater than one third of the specimen thickness. All hardness values 
quoted are the average result of at least five measurements.
B. Metaliographic Examination
Metallographic examination was carried out to establish transformation 
and recrystallisation characteristics, and to measure grain size and shape.
Preparation involved rough polishing on wet emeryypaper and then 
finishing with either a direct chemical polish using an oxalic acid- 
hydrogen peroxide mixture (10 gms. oxalic acid, 100 mis. 20 volume hydrogen 
peroxide, 100 mis. water) or mechanically polishing to ly. using diamond pads 
and etching in 2% nital. The chemical polishing technique was in most 
cases ideal, producing an etched, scratch-free surface from the wet polishing 
stage. It was, however, distinctly unpredictable in that its etching 
characteristics changed with time.
Grain size and shape were obtained using the linear intercept method, 
and consisted of counting the number of grain boundaries which passed 
through a reference point in the microscope eyepiece when the specimen was 
moved through a known distance. Measurements were made on four different 
areas of the section, and between 15 and 200 grains were counted in each 
area, depending on the grain size of the specimen and the direction in which 
the count was made. The average result was used in each case. When 
abnormal grain growth occurred the size of the larger grains was determined, 
by necessity, on a smaller number of grains*
The degree of recrystallisation which had occurred at various stages 
during annealing was determined on longitudinal sections, using the linear 
intercept method. This involved measuring the proportion of recrystallised 
grains intersecting a graduated line in the eyepiece of the microscope, 
the line being parallel to the thickness direction of the sheet.
Measurements were made at eight positions across the specimen, and the 
average result was used.
The above metallographic examinations were performed on longitudinal 
sections unless otherwise stated.
C. Mechanical Property Evaluation
A uniaxial tensile test was used to evaluate the yield stress (or 0.2% 
proof stress), ultimate tensile strength, uniform elongation, total 
elongation and the strain hardening index of materials.
The dimensions of the tensile test piece used are shown in Figure 9 
and provided a gauge length of 0.75 inch on a parallel section of 1.25 inch. 
Duplicate tensile pieces were stamped from the sheet at 0°, 45° and 90° to. 
the rolling direction, and the edges of the parallel section were polished 
with fine emery- paper to remove the cold worked region. The thickness of 
each specimen was measured to +0.0002 inch with a hand micrometer and the 
width was measured to +0.0001 inch using a horizontal bench micrometer 
fitted with non-rotating spindles and knife-edged anvils.
Tensile testing was performed on an Instron testing machine, using a 
cross-head speed of 1 mra/min. This gave an initial strain rate of ^ 0.03 
min. \  A continuous load-crosshead movement curve was obtained for each 
test from which the yield stress, ultimate tensile strength and uniform 
elongation were determined. During each test the elongation of the gauge 
length was followed with dividers, and at each 2.5% increment in elongation 
the load was marked on the chart recorder. It was possible from these 
marks to measure the uniform elongation, i.e. the elongation at maximum load, 
to within + 0.75%« These marks were also used to calculate true-stress 
vs. true-strain curves, and the strain hardening index (n) was determined 
using -Equation 4. The accuracy of n determined by this method was 
calculated to be within +0.01.
Total elongation was determined by re-measuring the gauge length after 
fracture.
4 in
o in rad.
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Figure 9* Tensile test piece.
D. Plastic Strain Ratio Measurement
The plastic strain ratio (R) is defined as the ratio of natural strain
in the width direction to that in the thickness direction along the gauge
length of a tensile specimen which has undergone a given tensile strain.
Within the region of uniform elongation the value of R for steel has been
(23 lA-l)found to be essentially independent of the tensile strain * • In
the practical determination of R the thickness measurements, with their 
associated high errors, were avoided by assuming a constant volume for the 
test piece; R was then calculated from width and length strains using the 
following relationship :
R = ln(w0A'f)An('rff1f/wo10) ^
where 1 and If are the initial and final gauge lengths and W0 and are 
the initial and final gauge widths respectively.
Duplicate R value measurements were made in the 0°, ^5° and 90° 
directions to rolling, using the same specimens as for determining 
mechanical properties. The average strain ratio (R) was then calculated 
from the individual R value averages, using the following relationship :
R = 1A(R0„+ 2Rk50 + Rs0„) (lM
The specimens were scribed at 0.123 inch intervals along the gauge 
length, and the width at each of these scribe marks was measured using the 
bench micrometer described in the previous section. A travelling micro­
scope was used to determine the gauge length to within + 0.0002 inch. The 
tensile test was interrupted after 20% elongation, the specimen unloaded, 
and the width at each of the scribe marks and the gauge length were 
remeasured. 5‘om these values the length and average width strains were 
calculated, and the R value was then obtained using Equation 13* The R 
value was then obtained using Equation 13. The measurement of R value at 
20% elongation was chosen as this was less than the instability strain for 
most of the materials tested yet was large enough to enable reasonably 
accurate strain measurements to be made. For those materials exhibiting 
an instability strain of less than 20% the R value was determined at an 
appropriately lower strain. The possible errors in R value due to 
inaccuracies in length and width measurements increased as the R value 
increased. For R values of 1.5 the error was +0.02 and this increased to
+0.04 for R values of 2;5.
Reloading to complete the tensile property evaluation was commenced 
less than 5 minutes after unloadingi All material was temper-rolled — 1% 
before testing as preliminary work showed that Liiders strain could lead to 
erroneous results. This work is described in the Appendix.
E .  Electron Microscopy
Both thin foil and extraction replica techniques were used to
investigate precipitation phenomena in the alloysA To prepare foils for
transmission work, specimens were lapped on both sides to a thickness of
0.005-0.008 inch and then electro-polished in a chromic acid-acetic acid
mixture (25 gms. chromic oxide, 133 nils, glacial acetic acid, 7 mis. water)
(1^ 2)using a modified Bollman technique . Specimens for replication were 
polished in the usual way on emery papers and diamond laps before etching in 
Villelas reagent (95 mis. ethyl alcohol, 5 ml. hydrochloric acid, 1 gm. 
picric acid). A carbon film was then applied at A50 in a vacuum coating 
unit, and the carbon replica subsequently stripped in an alcohol-2% 
bromine solution. After careful washing in alcohol, the specimens were 
viewed in an EM6G electron microscope manufactured by A.E.I.
F. X-Ray Texture Measurements
The determination of X-ray texture data on selected specimens was
carried out at the Research Centre, British Steel Corporation, Port Talbot.
Sheet specimens were thinned from one side to half-thickness by grinding
and chemical polishing, or by chemical polishing alone, depending on the
initial thickness of the specimen. Results obtained, therefore,
represent the texture of the central plane of the sheet. In most cases
inverse pole figure intensities for eight reflections were determined, using
(lV?)the method of Morris • One (200) pole figure was determined using
( l Wthe Schule reflection technique •
G. Erichsen Tests
The stretch-formability of material was investigated using the 
Erichsen test with polythene lubrication. Tests were performed on a
Roell and Korthaus machine equipped with an automatic end-point indicator 
this device stopped the test immediately fracture was initiated. A 
blank-holding force of 1000 kgm. was used to prevent drawing-in of the 
blank periphery.
V. RESULTS
A. Establishment of Pre-Cold Rolling Heat Treatments
Preliminary experiments were carried out on all alloys to establish 
their precipitation behaviour so that appropriate particle dispersions could 
be obtained in the materials prior to cold rolling and annealing. These
experiments were performed on 0.25 inch hot rolled strip.
Initial tests were performed to determine suitable solution treatments 
for titanium carbide in the stoichiometric alloys Al, A2 and A3, and in 
the excess titanium alloy, S271* The maximum possible volume fraction of 
titanium carbide in these alloys was calculated to be 0.02$, 0.16$, 0.73$ 
and 0.10$ respectively. In fact, these values assume the formation of 
titanium carbo-nitride, as titanium is known to be a strong nitride 
former and each of the alloys contained 0.002$ nitrogen. For
convenience, however, the phase will in future be referred to as titanium 
carbide. Specimens of each alloy were heated for 3 hours at various 
temperatures and then water quenched. Thin foil electron microscopy was 
used to determine whether complete solution had been attained. The 
temperatures predicted by previous w o r k ^ ^ " ^ ^  (from Equations 7* 8 and 9) 
were found to be too low for complete solution. The following solution 
treatments were finally chosen and were used in all further experiments :
Alloy Al 3 hours at 1000°C
Alloy A2 3 hours at 1200°C
Alloy A3 3 hours at l470°C
Alloy S271 3 hours at 1250°C
Thin foils prepared from alloys Al, A2 and S271» after water quenching 
from the temperatures indicated above, were found to be free of 
precipitate. However, large precipitates of approximately 2-4 pim 
diameter were observed in the water quenched specimen of alloy A3 after 
solution treating at l470°C for 3 hours, and typical examples are shown in 
Figure' 10. It was unlikely that the precipitates would have been 
retained in the foil if their dimension in the foil thickness direction 
was similar to that in the plane of the foil, so the precipitates were 
probably plate shaped rather than cubic. The precipitates were 
identified by electron diffraction as titanium carbide. The presence of 
these large precipitates indicated that complete solution of titanium
Figure 10. Alloy A3, solution treated at 1470°C for 
3 hours and water quenched. Thin foil.
x 1,500
carbide had not occurred at lA70°C, but higher solution temperatures were
not attempted due to the proximity of the alloys melting point* The
(122)available phase diagram indicated that at lA70°C the alloy would
have been in the delta-ferrite field.
Low temperature precipitation in the three stoichiometric (or A 
series) alloys after solution treatment and water quenching was studied 
by following the hardness changes that occurred when they were isother- 
mally aged at 500°C, 600°C and 700°C, and subsequently air cooled.
Typical age hardening curves were obtained for alloy A3, but only slight 
softening was observed for alloys Al and A2. The results for A3 are shown 
in Figure 11 and indicate that maximum hardening occurred after 10, 30 and 
A000 minutes at 700°C, 600°C and 300°C respectively. The range of 
precipitate size and spacing present in the three alloys after these 
treatments were studied by thin foil electron microscopy, and the results 
are given in Table A. These results show that the range of precipitate 
sizes after ageing at a given temperature was similar in each of the A 
series alloys. The precipitates became slightly coarser as the ageing 
temperature increased, and this was accompanied by an increase in inter­
particle spacing. Similar precipitate dispersions were observed when 
specimens were water quenched rather than air cooled from the ageing 
temperatures. This indicated that little or no precipitation occurred 
during air cooling from the ageing temperature;?.
High temperature precipitation was investigated in all four Fe-Ti-C
alloys. After solution treatment and water quenching, specimens were
heated at 9^0°C for 30 minutes and air cooled, i.e. normalised. This
treatment was chosen because a previous investigation on alloy S271
suggested that it led to improved textures in the subsequently cold rolled
(15)and annealed sheet • The range of precipitate size and spacing were 
again studied by electron microscopy, but in these cases carbon extraction 
replicas were used as specimen preparation was quicker, and larger fields 
of view were obtained with this technique compared with the thin foil 
method. The results obtained are given in Table A, and typical electron 
micrographs are shown in Figures 12 to 15. Most of the precipitates 
were reasonably equiaxed in appearance and the data in Table A relate to
o
these. In addition, a few lath-shaped precipitates of up to A000A in 
length were observed in each of the normalised specimens, and examples of
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Figure 12. Alloy Al, solution treated at 1000°C for 3 hours 
and water quenched, then normalised at 930°C for 
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Figure 13* ^lloy A2, solution treated at 1200°C for 3 hours 
and water quenched, then normalised at 930°C for 
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Figure l k . Alloy A3, solution treated at lA70°C for 3 hours 
and water quenched, then normalised at 930°C for 
30 minutes. Carbon extraction replica.
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Figure 13. Alloy S2?l, solution treated at 1250°C for
3 hours end water quenched, then normalised at 
930°C for 30 minutes. Carbon extraction replica.
these can be seen in Figures 12 and 15. Precipitates in the A series 
were, in general * considerably coarser after normalising than after low 
temperature ageing, and the interparticle spacings were correspondingly 
greater. However, quite fine precirDitates were also present and these 
probably formed during'air cooling from 950°C. Coarsening was more 
pronounced in alloy 3271 and this was probably due to the excess titanium, 
as diffusion of titanium to the surface of the particles was likely to have 
been the rate controlling factor for growth;
Precipitation occurring in the A series alloys when air cooled from 
their respective solution temperatures was also investigated, using carbon 
extraction replicas, and the results obtained are shown in Table A. The 
precipitate distribution in each alloy after air cooling was very similar 
to that present after ageing at 500°C for A000 minutes.
Electron diffraction patterns were taken from many precipitates in
each of the Fe-Ti-C alloys after the 500°C ageing, normalising and air
cooling treatments described above. In each case the planar spacings
subsequently, calculated corresponded closely with those for titanium 
(1A5)carbide . A typical electron diffraction pattern, from a precipitate 
in the normalised specimen of alloy A2, is shown in Figure 16. In this 
case, a <L12> direction in the titanium carbide precipitate was parallel 
with the electron beam.
The large precipitates of 2-A pm diameter present in alloy A3 after
solution treatment are not included in the data in Table A, but they
remained essentially unchanged during the above treatments. In view of
their presence, the amounts of titanium and carbon in solution after 3
hours of lA70°C were unknown, but the interparticle spacing data in Table A
indicated that they were considerably higher than in alloy A2 after
solution treatment. The precipitation behaviour in the Fe-Ti-C alloys was
(1 PR
reasonably similar to that reported previously 1 . Precipitation
occurred quite generally throughout the matrix and there was little 
tendency for preferential precipitation at grain boundaries.
(135)The results of Fountain and Chipman and Maneschi and
Beccaria^"^ (Equations 10 and 12) both predicted a solution temperature 
of 1270°C for boron nitride in alloy 29.R. The maximum possible volume 
fraction of boron nitride in this alloy was calculated to be 0.078$. A 
sample of the alloy was heated for 3 hours at 1300°C and water quenched.
Figure 16. Electron diffraction pattern taken from a precipitate 
in alloy A2 after normalising at 950°C for 30 minutes.
Figure 1? Alloy 29F, solution treated at 1300°C for 3 hours 
and water quenched, then aged at 8^0°C for 3 hours. 
Thin foil.
x 20,000
No evidence of precipitation was found using thin foil electron microscopy. 
This solution treatment was therefore used in all further experiments on 
this alloy.
Isothermal treatments were carried out under vacuum on solution 
treated and water quenched specimens at temperatures between 95°C and 
880°C, for times up to 2k hours * It was hoped that age hardening in these 
specimens would give an indication of boron nitride precipitation.
However, no hardening occurred at any of the temperatures, and above 500°C 
some softening was observed. The possibility that boron nitride precipi­
tation produced a negligible hardening effect was checked by analysing 
samples held for 2k hodrs at each temperature; These analyses failed to 
detect any boron nitride. This was surprising considering the mobility 
of both boron and nitrogen and their reported affinity for each other, and 
suggested that precipitation of boron nitride in ferrite is very sluggish.
A sample of the solution treated and water quenched material was 
heated for 3 hours at 850°C, and another sample heated for 3 hours at 
950°C. Thin foils were then viewed in the electron microscope and needle- 
shaped precipitates were observed in both materials. The size and 
distribution of the precipitates were similar in the two cases, the 
needles being 1-A pm in length and usually 20-30 pm apart, although groups 
of needles were observed which had spacings of less than 1 pm within the 
group. An example is shown in Figure 17. Attempts to identify the 
precipitates by electron diffraction were unsuccessful, but they were 
thought to be boron nitride. This evidence castoi doubt on the value of 
the chemical analysis technique used earlier to distinguish between soluble 
and combined boron.
Further study of the precipitation phenomena in this alloy was 
discontinued at this stage when it became apparent that severe de- 
bo ronisation occurred during later annealing cycles. This problem is 
explained more fully in a later section.
In view of the above data, the following heat treatments were 
selected for subsequent evaluation after cold rolling and annealing :
Fe-Ti-C Alloys
(i) Solution treated and water quenched - this provided starting 
materials with all of the titanium and carbon in solid solution, with the
exception of alloy A3 where complete solution was not attained.
(ii) Solution treated and water quenched, followed by ageing at 
500°C for A000 minutes - these materials contained dispersions of fine 
precipitates;
(iii) Solution treated and water quenched, followed by normalising at 
950°C for 30 minutes - these materials contained precipitates which were 
coarser than those in (ii).
(iv) Solution treated and air cooled - these materials contained 
precipitate dispersions similar to those in the 500°C aged materials.
Only the normalised and water quenched conditions were investigated 
for alloy S271 due to limitations in the amount of available material.
Fe-B-N Alloy
(i) Solution treated and water quenched - this provided starting 
material with all of the boron and nitrogen in solid solution.
(ii) Solution treated and water quenched, followed by ageing at 
850°C for 3 hours - this material contained needle-shaped precipitates.
(iii) Solution treated and water quenched, followed by normalising at 
950°C for 3 hours - the precipitate dispersion in this material was similar 
to that in the 850°C aged material, but there were differences in micro­
structure (see following paragraphs).
Two heat treatments for the high purity iron were selected for 
subsequent evaluation :
(i) 1 hour at 1000°C, followed by air cooling.
(ii) 1 hour at 1000°C, followed by water quenching.
These were chosen so that the effects of water quenching could be investi­
gated.
Each of the materials was examined metallographically after the above 
treatments. Hardness and grain size measurements were also made and these
are shown in the first two columns of Table 5* In those instances where 
normal ferrite was formed the grains were reasonably equiaxed, and the 
average grain size has been given. Grain size measurements were not made 
on massive ferrite structures due to the difficulty experienced in etching 
some of the grain boundaries. However, it was apparent that the grain 
sizes of the massive ferrite structures, with their irregular boundaries, 
were effectively smaller than those of the equiaxed structures.
The cooling rates attained during water quenching were insufficient 
to produce a massive transformation in the high purity iron and equiaxed 
ferrite of similar grain size was present after both air cooling and water 
quenching from 1000°C. Equiaxed ferrite was also present in alloy Al 
after all four heat treatments although the grain sizes were smaller than 
those of the high purity iron. The smaller grain sizes in alloy Al were 
probably due to a smaller austenitic grain size as the higher impurity 
content in alloy Al, particularly oxygen, would be expected to retard 
austenite grain growth to a greater degree than in the high purity iron.
The higher hardness of the water quenched specimen in both cases was 
probably due to quenching strains.
The transformation product in alloy A2 was massive ferrite in all but 
the normalised specimen. The microstructure of this alloy after water 
quenching from 1200°C is shown in Figure 18, and little change was observed 
after ageing at 500°C. The massive structures were markedly harder than 
the equiaxed ferrite of the normalised specimen, with quenching strains 
probably accounting for the higher hardness of the water quenched sample.
It is known that carbon and titanium in solution in iron inhibit the usual 
Y - oc transformation^^’^ ^ , and these effects can account for the 
difference in behaviour when alloy A2 was air cooled from 950°C and 1200°C. 
Considerable titanium carbide had precipitated at 950°C and the concen­
tration of titanium and carbon remaining in solution was too low to prevent 
the formation of equiaxed ferrite. The grain size of alloy A2 after 
normalising was smaller than that present in alloy Al, and this probably 
originated from the fine structure of the massive ferrite initially 
present in A2 after water quenching.
Massive ferrite was formed when alloy A3 was water quenched from 
lA70°C, and the microstructure is shown in Figure 19. Little change was 
observed in this microstructure when aged at 500°C, although some reduction
Figure 18.
Figure 19
Alloy A2, solution treated at 1200°C for 3 hours 
and water quenched. Longitudinal section.
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in hardness was observed, probably due to recovery in the quenched 
structure. Equiaxed ferrite was present after the air cooling and normal­
ising treatments. The hardness of alloy A3 after each of these treatments 
was lower than that of alloy A2 after corresponding treatments, despite 
the higher alloy content. This anomaly was thought to be due, at least
in part, to the very high solution temperature used for alloy A3^ The
(122) *phase diagram for the Fe-Ti-C system exhibits a gamma-loop and it was
likely that alloy A3 would have been in the ferrite field while at lA70°C. 
Rapid grain growth would be expected at that temperature and the grain 
size of the specimens just prior to cooling was probably very large. On 
water quenching a specimen of this size it was expected that the coarse 
ferrite would have transformed to coarse austenite, the austenite subse­
quently transforming to massive ferrite. As ferrite is usually nucleated
I lk ? )at grain boundaries , a coarse austenite should lead to a coarse massive 
ferrite. It can be seen from Figures l8 and 19 that the massive ferrite 
in alloy A3 was coarser than that in alloy A2, and this probably accounted 
for the lower hardness of A3, despite the higher alloy content. Coarse 
austenite would again be expected to form during air cooling from 1^70°C. 
However, in this case the y-cc transformation was apparently reached 
before sufficient carbon and titanium to retard the transformation had 
segregated ±0 the austenite grain boundaries, as an equiaxed ferrite 
structure was formed. A reduction in the amount of titanium and carbon 
in solution during the 95Q°C treatment accounted for the equiaxed ferrite 
present in the normalised specimen. The relatively large grain sizes of 
the air cooled and normalised specimens of alloy A3 probably originated from 
the expected coarse grain size in the austenite.
The hardness values for the water quenched and 500°C aged specimens 
of alloy A3 in Table 5 do not correspond with those in Figure 11, and the 
reason for this discrepancy is that the specimens used in the initial ageing 
experiments (Figure 11) were smaller than those used in subsequent experi­
ments. The smaller specimens cooled considerably faster than the larger 
specimens during transfer from the furnace to the quenching bath and had 
apparently transformed to equiaxed ferrite before being quenched. However, 
it will be shown later that this difference in microstructure had little 
effect on the subsequent precipitation of titanium carbide.
Massive ferrite was present in alloy S271 after water quenching from
1250°C. The structure and hardness of this material was similar to that 
of alloy A2 after water quenching. The grain size of the normalised 
specimen of alloy S2?l was smaller than those of the A series alloys after 
similar treatment and this may have been due to the high titanium content 
in solution causing a reduction in the ferrite growth rate during cooling.
Massive ferrite was also formed in the Fe-B-N alloy when water 
quenched from 1300°C, and little change was observed in the microstructure 
after subsequent ageing at 850°C, although some softening occurred. The 
massive structure was coarser than that in alloys A2 and S271, and was 
similar to that present in alloy A3. The hardness was also similar to 
that of alloy A3. The coarse massive structure was probably due to a 
large austenite grain size being present after holding at 1300°C for 3 
hours. Normalising resulted in the formation of fine grained equiaxed 
ferrite.
B. ; Recrystallisation and Grain Growth
The recrystallisation and grain growth characteristics of materials 
selected in the previous section were studied during annealing when heated 
at a constant rate of 50°C/hour to 850°C, and after subsequently holding 
at 850°C for 22 hours.
The materials were cold rolled ~  85$ prior to annealing and the cold 
rolled hardness values are given in the third column of Table 5* The 
cold rolled hardnesses of the air cooled and water quenched specimens of 
high purity iron were very similar and this was no doubt due to their 
similar grain size. All of the alloyed materials exhibited cold rolled 
hardness values which were higher than those of high purity iron and this 
was expected as flow stress, which is reflected approximately by hardness, 
generally increases with the addition of alloying elements (whether in or 
out of solution) and decreasing grain size. The massive ferrite 
structures were all harder than the equiaxed ferrite structures, and it was 
apparent in alloys A2, S271 and 29R that the alloying elements were much 
more effective in raising the hardness when in solution than when in 
precipitate form. The high hardness values shown by these water quenched 
specimens after cold rolling was attributed largely to the presence of the 
interstitial elements in solution as the normalised specimen of alloy S271»
containing O.h-% titanium in solution, did not exhibit a similar effect.
Alloy A3 did not follow this trend as the hardness values of the water 
quenched and the 500°C aged specimens were very similar after cold rolling. 
The reason for this anomaly is not known. Alloy A1 exhibited similar 
microstructures after each of the four heat treatments and these gave rise 
to similar hardness values after cold rolling.
During annealing, cold rolled specimens of each material were removed 
at various intervals in the A00-850°C temperature range during the heating- 
up stage of the cycle, and after holding subsequently at 850°C for 22 
hours. The results of hardness and percentage recrystallisation measure­
ments made on longitudinal sections of these specimens are given in Table 5» 
and some of these are shown graphically as a function of temperature in 
Figures 20 and 21. The results of recrystallised grain size measurements 
made on the same specimens are also given in Table 5i together with the 
ratio of grain size in the longitudinal direction (d^ ) to grain size in 
the thickness direction (d^ _). The average grain size, i.e. (d^ + d^)/2, 
of some of the specimens .are shown as a function of temperature in Figures 
22(a) and 22(b). Additional grain size measurements were made on trans­
verse sections and in each specimen the grain size in the transverse 
direction was very similar to the grain size in the thickness direction.
It can be seen from Table 5 that the recrystallisation behaviour of 
high purity iron was fairly insensitive to prior heat treatment. 
Recrystallisation began between A00-A50°C in both the air cooled and water 
quenched specimens, after slight softening due to recovery. Many cold 
worked grains contained numerous recrystallisation nuclei, indicating that 
matrix nucleation occurred readily. Nuclei were also evident at cold 
worked grain boundaries but it was not possible to determine if they were 
formed by true grain boundary nucleation or by matrix nucleation near the 
grain boundary. Some cold worked grains remained devoid of nuclei, as 
can be seen in Figure 23, which shows the microstructure of the water 
quenched specimen after heating to 300°C. Recrystallisation was 
substantially complete at 600°C but the last remnants of cold worked grains 
were not removed until a temperature of 700°C was reached. These stable 
cold worked areas did not appear to nucleate recrystallisation at all, 
but were consumed by surrounding grains. This phenomenon has been observed 
before in high purity iron by Rosen et a l ^ ^ .  Abnormal grain growth, 
or secondary recrystallisation, occurred in the high purity iron at
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Figure 22. Changes occurring in average grain size during the annealing of 
several materials after cold rolling 85$* A heating rate of 
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(a) The water quenched specimen of high purity iron, the 
normalised specimen of alloy S271 and the 850°C aged 
specimen of alloy 29R.
(b) The specimens of alloys Al, A2 and A3.
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Figure 23
Figure 2k,
High purity iron, water quenched after 3 hours at 
1000°C, then cold rolled 8 ^  and heated at 30°C/hour 
to 300°C. Longitudinal section.
x 150
High purity iron, water quenched after 3 hours at 1000°C, 
then cold rolled and heated at 50°C/hour to 680°C. 
Longitudinal section.
x 150
approximately 5>50°C and above. That is, while the general matrix grain 
size gradually increased with increasing temperature, several grains 
coarsened very rapidly producing a duplex grain structure. This is 
illustrated in Figure 21}., which shows the structure of the water quenched 
specimen when heated to 680°C. The water quenched and the air cooled 
specimens exhibited similar grain growth characteristics as well as 
similar recrystallisation characteristics. The grain size data for high 
purity iron given in Table 5 and Figure 22(a) relate only to the finer 
matrix structures. At 600°C the secondary recrystallised grains had an 
average size of ^  2^am and occupied 10% of the specimens. After 22 hours 
at 850°C the secondary recrystallised grains had an average size of ^  200/m  
and occupied 6%% of the specimens! the largest grains, however, were 
5>OOy4*m long and 350yam wide.
The recrystallisation characteristics of the A series alloys were 
usually not very sensitive to variations in heat treatment prior to cold 
rolling, although recrystallisation occurred more quickly initially in the 
normalised specimens* The hardness changes and amount of recrystallisation 
which occurred with temperature in these alloys after the 500°C ageing 
pre-treatment are shown graphically in Figure 20, Although the behaviouf 
of each alloy was fairly insensitive to prior heat treatment, there were 
noticeable differences in behaviour between each alloy. Commencement of 
recrystallisation was observed in alloy A1 at li50-500°C, but was not 
observed in alloys A2 and A3 until 600°C or above. Re crystallisation in 
alloys A2 and A3 occurred largely over a narrow temperature range but it 
was evident that alloy A2 recrystallised more rapidly than alloy A3* at 
least in the initial stages. Recrystallisation was substantially 
completed in all cases by 700°C but some remnants of cold worked grains 
were still observed at 725°C in all but the normalised specimens. Subsid­
iary experiments showed that recrystallisation was completed in all cases 
after holding at 725°C for 5 hours, using a 50°C/hour heating rate to 725°C. 
It can be seen that the recrystallisation kinetics were retarded in the A 
series alloys when compared with high purity iron, particularly in the two 
alloys containing the highest amounts of titanium and carbon.
The recrystallisation process was quite similar in each of the A 
series alloys. Nucleation generally occurred within the matrix and at or 
near the cold worked grain boundaries, while a few cold worked areas 
remained devoid of nuclei and were consumed by surrounding grains. It was 
the consummation of these stable cold worked areas which prolonged the
final stages of primary recrystallisation. The grain size data in Table 5 
show that the recrystallised grains in alloys A2 and A3 exhibited a marked 
elongation in the longitudinal direction, particularly in alloy A2. The 
microstructure of the 500°C aged specimen of alloy A2 after annealing to 
725°C ds shown in Figure 25. Because of this elongation the grain sizes 
of the different alloys were not directly comparable, but in general the 
recrystallised grain sizes of alloy A2 were somewhat larger than those of 
alloys A1 and A3. This is illustrated in Figure 22(b) where the average 
grain size of the normalised specimens are shown as a function of annealing 
temperature. It was noticeable that the recrystallised grain size of the 
500°C aged specimen of alloy A1 was considerably larger than those of the 
other A1 specimens, and that the recrystallised grain size of the water 
quenched specimen of alloy A2 was considerably smaller than those of the 
other A2 specimens.
The amount of grain growth which occurred in alloys.A1 and A3 was 
quite small, even after 22 hours at 850°C, and this was thought to be due 
to second phase particles and impurity elements inhibiting grain boundary 
movement. Considerable grain growth occurred in alloy A2 while being 
held at 850°C for 22 hours. The .amount of grain growth which occurred in 
each of the A series alloys was not very sensitive to heat treatment prior 
to cold rolling. The microstructures of the 500°C aged specimens of the 
A series alloys after annealing at 850°C for 22 hours are shown in Figures 
26 to 28.
The recrystallisation and grain growth behaviour of alloy S271 was 
quite similar after the water quenching and the normalising pretreatments. 
The hardness changes and amount of recrystallisation occurring in the 
normalised material during annealing are shown in Figure 21, and average 
grain size data are shown in Figure 22(a). Marked softening was evident 
prior to recrystallisation in both the water quenched and normalised 
specimens. Recrystallisation began in both materials just above 600°C and 
was substantially completed by 663°C, with nucleation occurring within the 
matrix and at or near the cold worked grain boundaries. There was no 
prolonged existence of any cold worked grains and recrystallisation was 
completed by 680°C, the recrystallised grains exhibiting considerable 
elongation in each case. Grain growth occurred during the remainder of 
the annealing cycle and the final grain sizes were larger than those in 
alloys A1 and A3, but smaller than those in alloy A2. The microstructure
Figure 25. Alloy A2, water quenched after 3 hours at 1200°C, 
aged at 500°C for A000 minutes, then cold rolled 
83% and heated at 50°C/hour to 725°C.
Longitudinal section.
x 150
Figure 26. Alloy Al, water quenched after 3 hours at 1000°C, 
aged at 500°C for A000 minutes, then cold rolled 
and annealed at 850°C for 22 hours, using a 
heating rate of 50°C/hour. Longitudinal section.
x 150
Figure 27* Alloy A2, water quenched after 3 hours at 1200°C, 
aged at 500°C for kOOO minutes, then cold rolled 
Sj>% and annealed at 850°C for 22 hours, using a 
heating rate of 50°C/hour. Longitudinal section.
x 130
Figure 28. Alloy A3, water quenched after 3 hours at 1^70°C,
aged at 300CC for f^OOO minutes, then cold rolled 8y/o 
and annealed at 830°C for 22 hours, using a heating 
rate of 50°C/hour. Longitudinal section.
x 150
of the normalised specimen of alloy S271 after 22 hours at 850°C is shown 
in Figure 29•
The recrystallisation and grain growth characteristics of alloy 29R 
were not very sensitive to heat treatment prior to cold rolling. The 
hardness changes and amount of recrystallisation occurring during annealing 
of the 850°C aged material are shown in Figure 21 and the average grain 
size data are shown in Figure 22(a). It can be seen that this alloy 
generally recrystallised slightly faster than high purity iron. Some 
softening had occurred at 400°C in each of the three pretreated materials 
and by ^50oC recrystallisation was quite advanced. Recrystallisation was 
completed;in the 830°C aged and normalised materials by 680°C but some 
cold worked areas remained in the water quenched material until 725°0 was 
reached. Subsidiary experiments on the water quenched specimen showed 
that recrystallisation was complete after 5 hours at 700°C^  using a heating 
rate of 30°C/hour to 700°C* Nucleation occurred within the matrix and 
at or near the cold worked grain boundaries in all three specimens.
The recrystallised grain sizes were very small in alloy 29R and 
little grain growth occurred at temperatures up to 725°C. Marked grain 
coarsening was observed at both sheet surfaces in each of the 29R 
specimens after annealing to 780°C. The microstructure of the water 
quenched specimen after annealing to 780°C is shown in Figure 30. After 
22 hours at 850°C the coarse grained area at the sheet surfaces had 
increased and occupied ^  50% of the sheet section in each specimen. The 
grain size data in Table 5 and Figure 22(a) relate to the fine grained 
regions in the centre of the sheets, and here 'little grain growth occurred. 
These duplex grain structures suggested that the materials had been de- 
boronised and/or de-nitrided, and several specimens were analysed. The 
original boron content of the alloy was 0.01% and this quantity was still 
present after annealing to 700°C. However, after annealing to 780°C 
the boron content had fallen to 0.0027%* and after 22 hours at 850°C was
0.0011%. The nitrogen content remained constant at 0.015%. Shyne and
(1^9)
Morgan have reported that de-boronisation can occur in austenite
—5unless the oxygen content of the environment is very low (10 mm. Hg.), 
and it seems that the same stringent conditions are necessary to prevent 
its occurrence in ferrite at temperatures above 700°C, Annealing 
equipment which could provide these conditions for large sheet specimens 
in the laboratory was not available, and further studies on alloy 29R
Figure 29* Alloy.S2?lj water quenched after 3 hours at 1230°C, 
normalised at 950°C for 30 minutes, then cold rolled 
and annealed at 830°C for 22 hours, using a 
heating rate of 50°C/hourw Longitudinal section.
x 130
Figure 30. Alloy 29R» water quenched after 3 hours at 1300°C, 
then cold rolled 85% and heated at 30°C/hour to 
780°C. Longitudinal section.
x 130
were discontinued,
A major part of the work was to evaluate the texture, formability 
and mechanical properties of all materials shortly after the completion of 
primary recrystallisation. The annealing treatments used for this part of 
the work were chosen on the basis of the recrystallisation studies above, 
and were as follows :
(i) High purity iron (23R) and the Fe-B-N alloy (29R) - 30°C/hour to
700°C, held 3 hours at 700°C, air cooled in muffle,
(ii) Stoichiometric Fe-Ti-C alloys (Al, A2 and A3) - 50°C/hour to 
723°0, held 3 hours at 723°C, air cooled in muffle,
(iii) Excess titanium Fe-Ti-C alloy (S271) - 30°C/hour to 680°C, held
30 minutes at 680°C, air cooled in muffle.
Two additionalyannealing cycles were used to study the effects of 
grain growth on the properties of some materials :
(i) 30°C/hour to 780°C* held 30 minutes at 780°C, air cooled in 
muffle;
(ii) 30°C/hour to 830°C, held 22 hours at 830°C, air cooled in 
muffle.
The results of grain size measurements made on materials after these 
treatments are given in Table 6, From a comparison with appropriate results 
in Table 3* it can be seen that little grain growth occurred in the 
specimens while being held for up to 3 hours in the 680-725°C temperature 
range. The data in Table 6 do not relate to the secondary recrystallised 
grains in high purity iron or to the coarse surface grains in alloy 29R«
After annealing at 700°C for 3 hours the water quenched and air cooled 
specimens of high purity iron had an average secondary recrystallised 
grain size of and 30pm respectively, and these grains occupied 33% o t
the specimens. After annealing at 830°C for 22 hours the average secondary 
recrystallised grain size was l80pm and 200pm respectively, and these 
grains occupied 65% of the specimens. The water quenched .and 830°C aged 
specimens of alloy 29R had an average grain size in the surface regions of
50pm and 55pm respectively after annealing at 850°C for 22 hours, and these 
coarse grains occupied ~  50$ of the specimens.
The effects of cold reduction prior to annealing on the R values 
after primary recrystallisation was completed was also investigated for 
a limited number of materials. Cold reductions within the 69-88$ range 
were used. Recrystallisation was completed in all cases using the - 
standard annealing treatments to 700°C or 725°C, and the resultant grain 
size measurements are shown in Table 7« It can be seen that the grain 
size of the materials after recrystallisation usually decreased with 
increasing prior cold reduction,
C. Precipitation During Annealing
A study was made of the precipitate size and distribution present in
certain specimens of the Fe-Ti-C alloys after the standard annealing
treatments selected in the previous section. Specimens were given — 85$
cold reduction prior to annealing. The carbon extraction replica
technique was used and the results obtained are summarised in Table 8.
The precipitation data for alloys A2 and S271 in the as-normalised
condition, which were originally presented in Table A, are shown in Table
8 for comparison with the annealed results. Precipitation data for the
A series alloys after ageing at 500°C for 4000 minutes were redetermined
using the extraction replica technique, and these results are also given
in Table 8. The low temperature ageing results for the A series alloys
obtained originally, and shown in Table A, were determined using the thin
foil technique. It can be seen that both methods produced very similar
results. The similarity between the precipitation data for the 500°C
aged specimen of alloy Aj5 in Table A, when precipitation occurred in
equiaxed ferrite, and in Table 8, when precipitation occurred in massive
ferrite, indicated that the difference in ferrite morphology had little
effect on titanium carbide precipitation. The precipitation data for
specimens annealed at 850°C for 22 hours is presented in two parts in an
attempt to distinguish between those precipitates which would have been
present at 850°C, and those which may have formed on subsequent cooling.
It was considered likely that many of the precipitates with diameters of 
o
up to •— 1000A may have formed on cooling.
The results for the 300 °C aged and normalised specimens of the Fe- 
Ti-C alloys show that only slight coarsening occurred in these materials 
during annealing at 680°C or 725°C» After annealing at 8 30°G for 22 
hours precipitate coarsening was much more pronounced in each case, 
particularly in the normalised specimen of alloy S271 where some precipitates
o
had grown to 10,000A diameter. Typical electron micrographs of the 
normalised specimens of alloys A2 and S271 after annealing at 830°C for 
22 hours are shown in Figures 31 and 32 respectively. The larger precipi­
tates were not always extracted but in those instances the replicas clearly 
reprpduced the outline of the particle. Precipitate coarsening in alloy 
A2 was more rapid in the 300°C aged specimen than in the normalised 
specimen, and the initial precipitate size difference between these 
materials had disappeared after 22 hours at 830°C. Results were not 
obtained on normalised specimens of alloy A1 and A3 after annealing, but 
it seemed likely that their precipitate growth behaviour would have been 
similar to alloy A2.
After annealing at 723°C for 3 hours the water quenched specimen of 
alloy A2 contained a precipitate dispersion similar to that present in the 
300°C aged material. As recrystallisation in the water quenched specimen 
did not commence until the temperature was above 600°C, most of the 
precipitation probably occurred prior to recrystallisation. After 
annealing at 830°C for 22 hours, the precipitate distribution in the water 
quenched specimen was similar to that in the 300°C aged specimen.
o
Precipitates with diameters of up to 2,300 A were observed in the 
water quenched specimen of alloy S271 after annealing for 30 minutes at 
680°C, and most of this precipitation probably occurred prior to 
recrystallisation. After annealing at 830°C for 22 hours the precipitates 
had coarsened considerably, and the largest precipitates were only 
slightly smaller than those in the normalised specimen after the same 
annealing treatment.
Electron diffraction patterns were taken from many precipitates in
each of the above specimens and in each case the planar spacings
subsequently calculated corresponded closely with those for titanium 
(1^ 5)carbide • The results for the Fe-Ti-C alloys supported the findings of 
( "i p q   ^ ( n p $  ^
Kuo and Matsuoka that the growth of titanium carbide
precipitates was sluggish at temperatures below 800°C.
Figure 31• Alloy A2, water quenched after 3 hours at 1200°C,
normalised at 950°C for 30 minutes, then cold 
rolled and annealed at 850°C for 22 hours, 
using a heating rate of 30°C/hour. Carbon 
extraction replica.
x 10,000
Figure 32. Alloy 3271, water quenched after 3 hours at 1230°C, 
normalised at 930°C for 30 minutes, then cold 
rolled 8A/& and .annealed at 830°C for 22 hours, using 
a heating rate of 50°C/hour. Carbon extraction 
replica.
x 10,000
Results were not obtained on the water quenched specimens of alloys 
A1 and A3 after annealing, but it seemed likely that their precipitation 
behaviour would have been similar to that exhibited by the water quenched 
specimen of alloy A2, Results were also not obtained on the air cooled 
specimens of the A series alloys after annealing, but it seemed likely that 
the precipitation behaviour in these specimens would have been similar to 
that in the 300°C aged specimens.
The thin foil technique was used to study the precipitation in alloy 
29R after annealing at 700°C and 850°C. Dendritic and plate-shaped 
precipitates were observed in the water quenched specimen after annealing at 
700°C for 3 hours, and a typical electron micrograph is shown in Figure 33* 
No identifiable diffraction patterns were obtained from these precipitates, 
but they were thought to be iron nitride formed on cooling as their 
appearance was very similar to precipitates observed by McLean^'^ and 
Keh^"^ in iron-nitrogen alloys after ageing. Similar precipitates were 
observed in the water quenched specimen after annealing at 830°C for 22 
hours. The needle-shaped precipitates formed in alloy 29R after ageing 
at 830°C (see Figure 17)? and which were thought to be boron nitride, were 
still present after annealing at 700°C for 3 hours. However, only 
dendrite and plate-shaped precipitates similar to those in Figure 33 were 
observed after annealing at 830°C for 22 hours. This supported the view 
that they were iron nitride particles formed on cooling and not boron 
nitride, as severe de-boronisation occurred during the 830°C annealing 
treatment.
Precipitation during annealing of the normalised specimen of alloy 
29R was not studied, but the behaviour was expected to be similar to that 
observed in the 830°C aged specimens.
D. Plastic Strain Ratio Measurements
Most of the formability evaluation was performed on annealed and 
temper-rolled material which had received ~'85$ prior cold reduction.
R value data for all such material in the just recrystallised condition 
are given in Table 9« R value measurements were made on selected 
materials after grain growth had occurred, i.e. after annealing at 780°C 
and 850°C, and these results are also given in Table 9* The individual
**»
Figure 33• Alloy 29R, water quenched after 3 hours
at 1300°C, then cold rolled 8k% and 
annealed at 700°C for 3 hours, using a 
heating rate of 300C/hour. Thin foil.
x A0,000
R values shown in this table are the average results from duplicate speci­
mens. The difference in R value between duplicate specimens was usually 
less than 0.10.
The results for materials in the just recrystallised condition show 
that the addition of titanium and carbon to iron generally led to an 
improvement in the average R value (R) and this improvement was generally 
associated with increases in each of the individual R values, particularly 
in &ncl R^o0* The R values for the water quenched and air cooled
specimens of high purity iron were almost identical, and the R values of 
~  l . k  were similar to those usually obtained on industrial rimming steels* 
The improvements shown by the majority of the Fe-Ti-C materials places them 
in a class with industrial aluminium-killed steels. The greatest improve­
ment was exhibited by the water quenched specimen of alloy A3 and the 
normalised specimen of alloy S271, and in each case an R value of 1*7 was 
observed. There were two exceptions to this general improvement in R 
values shown by the Fe-Ti-C alloys; in the just recrystallised condition 
the R values for the normalised specimen of alloy A1 were quite similar to 
those for high purity iron, while Rq0 and R^o0 f°r 'k*ie water quenched 
specimen of alloy A2 were considerably lower than those for high purity 
iron, and the R value was correspondingly lower at 1.2A.
The 850°C aged and normalised specimens of alloy 29R in the just 
recrystallised condition exhibited R values which were quite similar to 
those for high purity iron, and R values of were recorded. The R
values of the water quenched specimen in the just recrystallised condition 
were considerably lower than those for high purity iron, and the R value 
was only 1.21.
The individual R values for most of the materials above exhibited
marked planar anisotropy, with usually being considerably lower than
R 0 and R^o* Alloy S271 exhibited the least amount of planar anisotropy, o yu
particularly the water quenched specimen, and in the latter case was
slightly higher than Rq0.
All materials investigated exhibited higher R values after grain
o
growth had occurred at 780°C or 850 C, with the exception of the water 
quenched specimen of alloy 29R* This increase in R was generally 
associated with a corresponding increase in each of the individual R 
values, although a slight fall in individual R values was sometimes
observed in those instances where little grain growth occurred. This 
was thought to be due to minor material variations. Little grain growth 
occurred in alloys A1 and A3 and the changes in R value were quite small. 
Considerable grain growth occurred in high purity iron and alloys A2 and 2 
S271, and in these cases the increases in individual and average R values 
were usually much greater. In particular, a spectacular increase in R 
to 2.A2 was achieved in the normalised specimen of alloy S271. Similar 
marked improvements in R during grain growth in Fe-Ti-Q alloys have been
(67 68)reported by other investigators * since the present study began.
Deboronisation occurred in alloy 29R during the 850°C anneal and 
this caused the formation of a duplex grain structure in both the water 
quenched and the 830°C aged materials* This resulted in a reduction in 
the individual R values for the water quenched specimen, and the R value, 
which was already low in the just recrystallised condition, was reduced to 
1.10. The R value of the 850°C aged material increased slightly with 
grain growth, due to an increase in RqC and Rj^o*
Grain growth in the materials above usually caused an<Vor RQo
to increase at least as much as R ^ 0» in general planar anisotropy was
increased, with R^o still remaining lower than Rq0 and R^q o * Alloy S271
was a notable exception. After grain growth in this alloy the increase in
Rq0 was less than the increase in R^o and ^ q o » and R/^o was higher than
R oJ although still remaining lower than Ror.0* o yu
The effect of cold reduction prior to annealing on the plastic strain 
ratios of several of the materials was also investigated. After heat 
treatment, the materials were cold rolled various amounts in the 69-88%  
range and then annealed. The annealing cycles used in this part of the 
work were the same as those used above, and were chosen so that the 
materials were just recrystallised, i.e. the high purity iron and alloy 29R 
were annealed at 700°C for 3 hours and the A series alloys were annealed 
at 723°C for 3 hours, using a 30°C/hour heating rate to the annealing 
temperature in each case. Metallographic examination showed that the 
materials were completely recrystallised after these annealing treatments, 
and the results of R value measurements made on them are shown in Table 10. 
The results for the air cooled specimens of high purity iron and alloy A3 
are shown graphically in Figure
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Figure 3l*. The effect of cold reduction prior to annealing on the R values 
of the air cooled specimens of high purity iron and alloy A3. 
Open symbols: Iron. Closed symbols: alloy A3.
The changes occurring in individual R values with increasing prior
cold reduction followed a similar pattern in each material. The Rq0
and values initially remained fairly constant or increased slightly,
and then decreased at high cold reductions. These changes were quite small
however, and the values of Rq0 and R^o0 were generally quite high. In
contrast, the values were very low after ^ 70% cold reduction but
increased rapidly with increasing cold reduction. This rapid rise in
more than compensated for the decrease in Rq0 and R^qcm and R increased
continuously up to 88% cold reduction, as illustrated in Figure 3^*
The rapid rise in also caused a reduction in the amount of planar
anisdtropy. This pattern of behaviour has been observed previously by 
(15)the author for other high ’purity iron alloys, and contrasts with
the behaviour of industrial rimmed and aluminium - killed steels in which
R usually exhibits a maximum at 60 - cold reduction ( see Figure 6 )•
In these industrial steels the increase in with increasing cold
reduction is considerably less than in the higher purity materials, and
is insufficient to offset the fall in R Q and R~~Q.o° 90
In general, the R values for the A series alloys were higher than those 
for high purity iron over the range of cold reductions investigated, 
although at the lower end of the cold reduction range the R values for the 
A2 materials were similar to those for high purity iron. The improvements 
generally observed in R value were due mainly to increases in the value of 
R ^ 0. The water quenched specimens of alloy A2 were exceptions. The R 
values for these specimens were lower than those for high purity iron over 
the entire range of cold reductions investigated, and this was largely due 
to lower values of Rq0 and '^e behaviour of the 330°C aged
specimens of alloy 29R was quite similar to high purity iron.
E. Texture Results
Texture measurements were made on hot rolled specimens of each of 
the A series alloys after they had been solution treated and water 
quenched. The inverse pole figure technique was used, and the results 
obtained are given in Table 11. It can be seen that there were some 
preferred orientations in each case, but the intensities were not very
strong and the texture of each material was approximately random. As the
finishing temperature for hot rolling was >950°C it seemed likely that a
near random texture would have been present after hot rollings It was
found in an earlier study on high purity iron alloys that a - y - a
(15)cycling tended to randomise any texture present after hot rolling •
In view of these results it was considered that the textures present in all 
materials used in this investigation would have been approximately random 
prior to cold rolling.
Inverse pole figure data were also obtained on selected materials 
after cold rolling "-"83$ i and after subsequent annealing at various 
temperatures. These results are shown in Table 12. The cold rolled 
textures of these materials, as indicated by the inverse pole figure data, 
were all quite similar although in the water quenched specimen of high 
purity iron the £222$ intensity was somewhat higher and the £200  ^
intensity somewhat lower than in the other materials. The results a:re
(50)
generally quite similar to those obtained by Takechi et al on an
industrial rimming steel after cold rolling 85$, and support the findings
of other workers that variations in composition have little effect on the
development of cold rolling textures, at least when they are measured by
(54)
simple X-ray techniques . '
The changes occurring in texture during recrystallisation followed a 
common pattern in general. The £222j and £332? reflections both 
increased in intensity, the former quite markedly, while the intensities 
of the remaining reflections usually either remained fairly constant or 
decreased. The £200} reflection in particular exhibited a marked drop 
in intensity.
The intensity changes during grain growth were usually quite small, 
although further marked increases in £222^ intensity were observed in 
high purity iron and alloy A2. However, in most materials the increase in 
{222^ intensity was fairly small, and the intensities of the other 
reflections usually remained reasonably constant or decreased. The 
intensities of the £110$ , f3"1o} and £420} reflections were
particularly low in alloys A2, A3 and S27"l after annealing at 850°C for 
22 hours•
Although the intensity changes which occurred during recrystallisation 
and grain growth generally followed a common pattern, there were important 
differences in intensity magnitude between some materials, and these will 
be considered further in the discussion.
A conventional ( 200 ) pole figure was determined on the normalised 
specimen of alloy S271 after annealing at 830°C for 22 hours, and this is 
shown in Figure 33« This material exhibited an R value of 2.42 and it can 
be seen that it possessed a very strong "near £354}- <223>n texture. The 
sheet was probably skewed slightly during cold rolling as the pole figure 
is not quite symmetric about the rolling direction.
F. Mechanical Property Results
Mechanical properties were determined on materials which had been cold 
rolled ~83?6 and subsequently annealed. Evaluation was carried out on all 
materials after recrystallisation was just completed, and on several 
materials after annealing at 7S0°C for 30 minutes and 830°C for 22 hours.
All materials were temper-rolled prior to testing. Mechanical properties 
were determined from duplicate specimens c t at 0°, 43° and 90° to the rolling 
direction in the plane of the sheet, and the average results for each 
direction are given in Table 13. True-stress and true-strain values were 
calculated from the load-elongation curves and in each case a linear 
relationship was found to exist between log (true stress) and log (true- 
strain) for values of strain greater than 0.08. The strain hardening 
index (n) was calculated from this relationship. Reproducibility of 
results from duplicate specimens was generally quite good; the difference 
in uniform elongation and n value was usually less than 1% and 0.01 
respectively, and the difference in total elongation and ultimate tensile 
strength (U.T.S.) was usually less than 4$ and 800 p.s.i. respectively. 
Reproducibility of yield stress was less satisfactory as differences of 
up to 4,300 p.s.i. were observed between duplicate specimens in some 
instances. This was thought to be due, in part, to the well-established 
sensitivity of yield stress measurements to specimen alignment. However, 
difficulty was experienced in obtaining a uniform reduction across the 
width of the sheets during temper-rolling and these variations were 
expected to be the.main cause of poor reproducibility in the yield stress
(i ^
results . An overall sheet average (p) was calculated for each 
property with p = l/4(p0o + 2pA3° + P90°)j where pQo, PA50 and P900 were 
the average values for the particular property measured on duplicate 
specimens at 0°, 43° and 90° to the rolling direction respectively. These
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Figure 35• The (200) pole figure for the normalised
specimen of alloy S271 after cold rolling 8k°/o 
and annealing at 850°C for 22 hours, using a 
heating rate of 50°C/hour.
overall average results are also given in Table 13*
The following main points emerge from the results
(i) In the just recrystallised condition, the average yield stress 
values for alloys Al, A2 and S271 were reasonably similar to those 
for high purity iron (~ 27,000 p.s.i.) while those for alloys A3 
and 29K tended to be slightly higher. The average yield stress of 
the water quenched specimen of alloy 29R was considerably higher
at 39,^00 p.s.i. The-yield stress values for each material 
usually decreased when annealed at higher temperatures, i.e. 780°C 
and 850°C; Considerable differences in yield stress with testing 
direction were often observed but no general pattern was apparent,
(ii) ' The average UiT.S* values for the alloys were generally higher than
those for high purity iron, particularly for alloys A3 and S271> 
and the water quenched specimen of alloy 29R after annealing at 
700°C. The U.f.S. values of each material usually decreased.as 
the annealing temperature was increased. The differences in U.T.S. 
with testing direction were small,
(iii) In the just recrystallised condition, the average uniform elongation 
values for alloys A2 and S271 were generally slightly higher than 
those for high purity iron (■— 23*5A) while those for alloys Al and 
29F, particularly the latter, were generally lower. Those for 
alloy A3 were similar to those for high purity iron. Annealing
at higher temperatures increased the uniform elongation values of 
most materials, and a maximum average uniform elongation value of 
29,0"/o was exhibited by the normalised specimen of alloy A2 after, 
annealing at 850°C for 22 hours. The uniform elongation of most 
materials was highest in the rolling direction.
(iv) If the flow-stress behaviour of a material is described by
cr= c e E L, as was observed in the present study at strains greater 
than 0.08, then it can be shown that the strain hardening index (n) 
is numerically equal to the true-strain at instability, i.e. at the 
limit of uniform elongation, A good correlation was observed 
between n and uniform elongation, as shown in Figure 36, and 
consequently the remarks above on uniform elongation also apply 
generally to n.
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Figure 36. Relation between individual uniform elongation and strain
hardening index (n). The curve shows the theoretical relation.
(v) The average total elongation values for alloys Al and A3 were
similar to those for high purity iron, while those for alloys A2 
and S271 were higher. The average total elongation values for 
alloy 29P were very low, particularly for the water quenched 
specimen after annealing at 700°C. However, different annealing 
treatments had little effect on total elongation in general.
Maximum values were usually observed in the rolling direction.
It will be shown later in the discussion that some correlation 
existed between stretch formability, as measured by the Erichsen test, and 
several mechanical property parameters consisting of combinations of 
yield stress, U.T.S* and n values. These mechanical properties are 
dependent on the flow stress (i.e*. true-stress) behaviour of a material* 
which in turn is dependent on both alloy content and grain size. The 
average flow stress of several materials (i.e. the average of individual 
flow-stress measurements made at 0°, A50 and 90° to the rolling direction) 
are shown as a function of true-strain in Figures 37 to 39• The individual 
flow stress curves generally followed the same trends as the average flow 
stress curves, although there were reasonably consistent differences between 
the individual values in most materials. In the large majority of cases 
the flow stress at 0° to the rolling direction was slightly lower than the 
flow stress at A30 and 90° to the rolling direction.
(153) (15^)Hall and Petch proposed the following relationship for
yield stress in an attempt to separate the effect of grain size from other
factors :
cr = <r + (15)w y.s. o
where g was the yield stress for a grain diameter d, and (T^  and k were 
constants for a given material. Usually <F has been taken to be the 
applied stress required to move dislocations through the crystal lattice, and 
k has been interpreted as a measure of the stress needed to propogate slip 
across a grain boundary. A wide range of iron based materials have been 
found to follow the relationship^^,'^',‘^ ^ 157)^ rp^ average yield
_1
stress data obtained in the present study are shown as a function of d ^ in 
Figure *f0, and it can be seen that most of the data followed a single 
broad Hall-Petch relationship. Values of k for all specimens were expected 
to be very similar as testing was carried out before ageing could lock the 
many free dislocations formed during temper-rolling. Consequently, much
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Figure 37. Average flow stress as a function of true strain for high purity- 
iron and alloys Al and 29R after various annealing treatments. 
W«Q.“water quenched. A,C.= air cooled. Aged= aged at 8£0°C*
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Figure 38. Average flow stress as a function of true strain for high purity- 
iron and alloy A2 after various annealing treatments.
A.C.® air cooled. Aged- aged at £00°C. Norm.® normalised.
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Figure 39. Average flow stress as a function of true strain for high purity 
iron and alloys A3 and S271 after various annealing treatments. 
A.C.8* air cooled. Aged= aged at £00°C. Norm.a normalised.
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Figure i|0. The variation of average yield stress with grain size (d) for 
all annealed specimens.
of the deviations in average yield stress from a single line Hall-Petch 
relationship were attributed to differences in (T. Some differences in 
(T were expected as the various precipitate distributions and solutes 
present in the specimens were expected to influence strain hardening to 
different extents during temper-rolling. However, the amount of reduction 
obtained across a sheet specimen during temper-rolling usually varied 
considerably, and the average reduction on the sheets varied between 0.3% 
and 2.0%. There is evidence that such variations in temper-rolling 
reduction alone could lead to differences in yield stress of up to 5j000 
p.s.i*, without the additional effect of precipitates and solutes 
It can be seen from Figure AO that most of the average yield stress values 
fell between two dotted lines drawn at +2,500 piS.i. to the solid line, and 
consequently little can be deduced about the effects of the precipitates 
and solutes on yield stress, except that their effects were usually quite 
small.
Some of the specimens of alloys A3 and 29R were exceptions. It can
be seen from Figure kO that the average yield stress values for alloy A3
tended to be somewhat higher than those for other alloys after allowing for
the effects of grain size, and some were above the band followed by most of
the data. This was probably caused by an increase in <TQ due to the high
volume fraction of titanium carbide in this alloy. The average yield stress
values exhibited by the water quenched specimens of alloy 29R after
annealing at 700°C and 850°C, and the 850°C aged specimen of alloy 29P after
annealing at 850®C, were considerably higher than expected from grain size
data (points a, b and c respectively in Figure *t0). Most of the nitrogen
in these specimens was thought to have precipitated as a fine dispersion of
iron nitride on cooling to room temperature after annealing. Cracknell and
(155)Petch found that dispersions of iron nitride in iron caused an increase
in CT" , and the present results were consistent with their work. A part of 
the observed increase in <T for the water quenched specimen of alloy 29P 
after annealing at 700°C may have been due to the 0.01% boron in solution.
Two distinct patterns of strain hardening were observed in the present 
study. The strain hardening rates for the specimens of alloy Al were very 
similar to those for high purity iron at strains above 0.05-0.10, while the 
strain hardening rates for the specimens of alloys A2, A3 and S271 were 
higher than those for high purity iron at all stages of deformation up
to the onset of instability. Alloy 29R will be considered separately 
later as both strain hardening patterns were observed in this alloy, , 
depending on the processing cycle used.
Typical average flow stress curves for high purity iron and alloy A1 
are shown in figure 37* It can be seen that the curves are parallel 
above strains of 0*05 - 0*10 and that annealing at 830°C caused a reduction 
in the general flow stress level of both materials. Average flow stress 
curves for all of the specimens of iron and alloy A1 are not shown in figure
37 but pretreatment prior to cold rolling had little effect on the jolastic 
behaviour of these materials. Armstrong et al proposed that the
Hall - Fetch relationship for yi^ld stress ( Equation 15 ) could be extended 
to the plastic range so that the effect of grain size on the flow stress of 
a given ma.terial could be determined. The relationship then became :
<Tf.e. = + ^  (16)
where (Tf.s. was the flow stress for a grain diameter d at a constant
value of strain. The same significance as before was given to 0^ and k,
with (To increasing with strain. Armstrong et al, working with a semi -
killed steel, found that k remained reasonably constant with increasing
strain. The average flow stress values for high purity iron and alloy
A1 after 10$ and 20$ elongation (&  = 0*095 and 0*182 respectively ) are
shown as a function of d 2 in Figure 41. It can be seen that these
materials closely followed a single Hall - Petch relationship at 1Q$ and
20$ elongation, and that the value of k was the same in both instances.
This indicated that differences in flow stress at a given strain for these
materials were due almost entirely to grain size differences, with flow
stress decreasing with increasing grain size. Apparently the oxide and
titanium carbide precipitates in the specimens of alloy A1 were too widely
spaced to exert much influence on plastic flow, at least up to the limit
of measurement, i.e. instability. The value of k in both Figures 4^0 and
-■l.
4-1 was 1,000 p.s.i. / mm 2 . This was comparable to values of 1790 p.s.i./
— X (157)mm 2 and 560 p.s.i. / mm”^  reported by Armstrong et al and Wilson and
(156)Russell ^ respectively for industrial low carbon steels.
The strain hardening rates for the specimens of alloys A2, A3 and 
S271 were higher than those for high purity iron, as can be seen in Figures
38 and 39* The flow stress results for high purity iron and alloy A1 
indicated that variations in grain size affected flow stress levels but not 
strain hardening rates. It was therefore assumed that the increased 
strain hardening rates exhibited by alloys- A2, A3 and S271 were due to 
precipitates and, in alloy S271, to titanium in solution.
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aged and normalised specimens of alloy 2?R after annealing at 
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It was also assumed that the contribution of grain size to flow stress in
these materials was similar to that observed for iron and alloy A1. It is
well established that the strain hardening rates of metals are increased by
the presence of hard non - coherent precipitates, especially during the
early stages of deformation, and that the increase in strain hardening
becomes more pronounced as the precipitate spacing decreases,
These effects are generally attributed to an increase in dislocation
density in the vicinity of the precipitates, although the actual
(159)mechanisms are still a matter of conjecture. The strain hardening
behaviour of alloys ,A2 and A3 were generally consistent with these 
earlier reports.
The titanium carbide distribution in the water quenched, 500°C aged 
and air cooled specimens of alloy A2 were expected to be similar after 
annealing at 725°C for 3 hours, and the flow stress curves for the 
specimens were reasonably alike. The average flow stress curve for the 
500°C aged specimen is shown in Figure 38 ajs a typical example, and it can 
be seen that the strain hardening rates were higher than for high purity 
iron. The average flow stress curve for the normalised specimen of alloy 
A2 after annealing at 725°C for 3 hours is also shown in Figure 38. The 
strain hardening rates, for this specimen, although still higher than those 
for iron, were considerably lower than those for the other specimens of 
alloy A2 after a similar annealing treatment. This was attributed 
largely to the coarser precipitate distribution in the normalised specimen 
( see table 8 ), After annealing at 830°C for 22 hours, the average 
flow stress curves for the 500°C aged and normalised specimens of alloy A2 
were quite similar, as shown in Figure 38, The strain hardening rates 
for the normalised specimen were little affected by the higher annealing 
treatment , although the level of flow stress was reduced somewhat due to 
grain growth* The marked reduction in the level of flow stress for the 
300*C aged specimen was attributed to both grain growth and a reduction 
in strain hardening due to precipitate coarsening.
The volume fraction of titanium carbide in alloy A3 was considerably 
higher than in alloy A2, and the strain hardening rates were correspondingly 
greater. The precipitate distribution in the water quenched, 500°C aged 
and air cooled specimens of alloy A3 were expected to be similar after 
annealing at 725°C for 5 hours, and the flow stress curves for these 
specimens were reasonably alike. The average flow stress curve for the
500°C aged specimen is shown in Figure 39 as a typical example. The 
average flow stress curve for the normalised specimen of alloy A3 after 
annealing at 725°C for 5 hours is also shown in Figure 39i The lower 
strain hardening rates exhibited by this specimen were attributed to the 
expected coarser precipitate distribution. Annealing at 850°C for 22 hours 
caused only a small reduction in strain hardening rates and flow stress 
levels for the water quenched, 500°C aged and air cooled specimens of alloy 
A3. The average flow stress curve for the 500*0 aged specimen is shown in 
Figure 39 as a typical example. The levels of flow stress for these 
specimens were still higher than those exhibited by the normalised specimen 
of alloy A3 after annealing 725°C, even though the data in Tables k and 
8 suggested that the precipitates were coarser in the normalised specimen.
The reason for this anomaly was not apparent although it was clear that 
grain size differences were not the cause.
The plastic behaviour of alloy S271 was not very sensitive to 
variations in heat treatment prior to cold rolling. The water quenched and 
normalised specimens exhibited similar flow stress curves after annealing 
at 680°C for 30 minutes, and the average flow stress curve for the latter 
specimen is shown in Figure 39 as a typical example. The strain hardening 
rates exhibited by these specimens were higher than for alloy A2, despite 
containing a lower volume fraction of precipitate. It seemed likely, 
therefore, that the excess titanium in solution in alloy S271 was responsible 
for a considerable part of the increase in strain hardening. The flow 
stress curves for the water quenched and normalised specimens were similar 
after annealing at 850°C for 22 hours, and the average flow stress curve for 
the latter specimen is shown in Figure 39* The strain hardening rates 
exhibited by these specimens were only slightly lower than those of the 680*C 
annealed specimens, and the reduction in the flow stress levels was attri­
buted largely to grain growth. The insensitiveness of strain hardening in 
this alloy to differences in precipitate distribution supported the view 
that titanium in solution was responsible for most of the increase in strain 
hardening. This effect was thought to be due to the titanium solute 
increasing the lattice friction stress. Increasing the friction stress 
would retard dislocation movement and therefore increase the number of 
dislocations at a given strain. This would increase the dislocation inter­
actions and thereby increase the strain hardening rate^^^.
It was mentioned earlier that the flow stress results for the Fe-B-N 
alloy (29R) were' exceptional. Under some conditions the strain hardening 
rates were similar to those for iron, while under other conditions the 
strain hardening rates were greater than those for iron. The flow stress 
curves for the 850°C aged and normalised specimens after annealing at 700°C 
were very similar, and the average flow stress curve for the former specimen 
is shown in Figure 37* The flow stress curves for these specimens were 
parallel to those for iron at strains above 0.08. This is indicated in 
Figure Al where it can be seen that the average flow stress values after 
10/d and 20% elongation closely followed the relationships found for high 
purity iron and alloy Al. The precipitates present in these specimens of 
alloy 29R were apparently too widely spaced to exert any significant 
influence on plastic flow.
The average flow stress curve for the water quenched specimen of 
alloy 29R after annealing at 700°C is also shown in Figure 37* The flow 
stress levels for this specimen were very high as the already high yield 
stress was associated with high strain hardening rates. This behaviour 
was apparently due to boron in solution and to the fine dispersion of iron 
nitride which was expected to form on cooling after annealing. The
average flow stress curves for the water quenched and the 850*C aged
specimens of alloy 29R after annealing at 830°C for 22 hours were both 
similar to that for the 850°C aged specimen after annealing at 700°C, shown
in Figure 37* The marked drop in strain hardening rates observed for the
water quenched specimen after annealing at 850°C, where severe de-boron- 
isation occurred, indicated that the high strain hardening rates exhibited 
by the 700°C annealed specimen were due to boron in solution. The 
similarity between the flow stress curves for the 850°C aged specimen after 
annealing at 700°C and 850°C indicated that the grain growth which occurred 
during the 830°C anneal was compensated,by the expected increase in iron 
nitride formed on subsequent cooling,
G. Erichsen Tests
The results of Frichsen tests performed during the present study are 
shown in the last column of Table 13* The values shown are the average of 
two tests made on duplicate specimens; reproducibility was generally within 
0.3 mm. In the just recrystallised condition the Frichsen values for the
Fe-Ti-C alloys were usually similar to those exhibited by industrially 
processed rimmed and killed steels (10.5-11.5 ram.), while those for high 
purity iron and alloy 29R were considerably l o w e r A n n e a l i n g  at 
higher temperatures generally led to an improvement in the Eriohsen value 
of most materials, particularly in those materials where considerable grain 
growth occurred. A high value of 12.4 mm. was exhibited by the normalised 
specimen of alloy A2 after annealing at 850°C for 22 hours.
VI. DISCUSSION-----..    .x - L—
A. Recrystallisation and Grain Growth
The results in Table 5 a*id Figures 20 and 21 clearly show that 
recrystallisation in the Fe-Ti-C alloys was retarded when compared with the 
behaviour of iron, as in each alloy both the temperature at which recrystall 
isation commenced and the temperature range over which recrystallisation 
substantially occurred were raised. In general, the kinetics of 
recrystallisation (i.e. the proportion of each material which was 
recrystallised at a given temperature) in each of the Fe-Ti-C alloys were 
not very sensitive to variations in heat treatment prior to cold rolling, 
although recrystallisation was less retarded in the stoichiometric A series 
alloys, particularly in Al and A2, when they were normalised prior to 
cold rolling. The reason for the similarity in behaviour of the water 
quenched, the 500°C aged and the air cooled specimens of the A series 
alloys can be seen in Tables A and 8. The data in these tables indicated 
that precipitation of titanium carbide would have occurred either before or 
shortly after recrystallisation began during the annealing of the water 
quenched specimens, and that the resulting precipitate distribution would 
have been similar to that present in the 500°C aged and the air cooled 
specimens.
These results for the A series alloys formed a consistent pattern; 
retardation of recrystallisation increased as the volume fraction of 
titanium carbide increased, and decreased within each alloy as the size and 
spacing of the precipitates increased. Retardation in alloy S271* although 
containing a lower volume fraction of titanium carbide than alloy A2, was 
almost as marked as in alloy A3 and this was attributed largely to the 0.43% 
excess titanium present in the alloy.
Recrystallisation in the Fe-B-N alloy was not very sensitive to, 
variations in heat treatment prior to annealing, and was slightly 
accelerated when compared with iron. The alloying elements in this alloy, 
whether in solid solution or precipitated as boron nitride, apparently had 
little effect on recrystallisation temperatures.
These effects on the recrystallisation temperatures of the alloys are 
more instructive when considered in association with the recrystallised 
grain sizes. Recrystallisation is a combination of two processes; the
nucleation of small approximately strain free regions, and the subsequent 
growth of these regions into the surrounding cold worked matrix. The 
resultant grain size of a material after recrystallisation is therefore 
largely dependent on the relative nucleation (N) and growth (G) rates, with 
grain size increasing as G/N increases. In this study the grain sizes in 
the thickness and transverse directions were very similar in each specimen, 
so for comparative purposes the recrystallised grain size data from longi­
tudinal sections provided a useful measure of average G/N. In most of the 
materials investigated there were a few cold worked grains which persisted 
for a considerable time while most of the specimen, having already 
recrystallised, underwent varying amounts of grain growth. For this 
reason, the grain size of materials when recrystallisation was 3v° 
complete has been used as a measure of the recrystallised grain size.
The data in Table 3 shows that the recrystallised grain sizes of iron 
and each of the Fe-Ti-C alloys were, in general, not very sensitive to 
variations in heat treatment prior to cold rolling. The recrystallised 
grain sizes of alloy Al were similar-to those of iron, being <^10 pm in the 
longitudinal direction and ^ 8  pm in the thickness direction, and conseq­
uently retardation in this alloy had little effect on G/N. However, this 
did not mean that G and N had not been affected. The nucleation and 
growth rates of iron have been found to increase when the recrystallisation 
temperature is increased*"^1 , so the values of N and G for alloy Al may
have been reduced relative to those for iron as recrystallisation pccurred 
over a similar time span to iron, but at higher temperatures. The higher 
volume fraction of titanium carbide in alloy A2 generally caused a marked 
increase in the recrystallised grain size in the longitudinal direction to 
^  19 pm. This increase in G/N indicated that the titanium carbide 
precipitates were more effective at retarding the formation of nuclei than
retarding their subsequent growth. A similar effect has been observed 
(91 93-93)by other workers * • The water quenched specimen of alloy A2 was
an exception as the recrystallised grain size of this material was 
considerably smaller than those of specimens receiving other pretreatments. 
This reduction in grain size was thought to be due to a relative increase 
in N brought about by the very high cold rolled hardness exhibited by this 
specimen. The very high hardness was attributed to carbon in solution 
during cold rolling, as interstitial elements are known to markedly increase 
the strain hardening rates of iron during deformation^^’ •
Consequently, the cold worked stored energy was expected to have increased, 
thereby assisting nucleation.
The recrystallised grain sizes of alloy A3 were pm in the
longitudinal direction and ^ 9  pm in the thickness direction, and consequently
did not follow the pattern indicated by alloys Al and A2, i.e. G/N increasing
as the volume fraction of titanium carbide increased. However, alloy A3
was not strictly stoichiometric as it contained 0.1% titanium in excess of
that required to form titanium carbide, and work by Abrahamson and 
(101)Alexander has shown that this amount of titanium in solid solution can 
have a considerable retarding effect on the recrystallisation of iron. The 
results for alloy A3 indicated that titanium in solid solution was more 
effective than the titanium carbide precipitates at retarding the growth of 
recrystallisation nuclei* This view was supported by the recrystallisation 
behaviour of alloy S271 * The strong retardation of recrystallisation in
this alloy was largely due to the presence of 0.43% titanium in solid 
solution and the recrystallised grain sizes were quite small, being ^ 12 pm 
in the longitudinal direction and ~ 8  pm in the thickness direction. 
Retardation of recrystallisation in this alloy was more marked than in alloy 
A2, and the very high cold rolled hardness of the water quenched specimen 
had less effect on the kinetics of recrystallisation.
The recrystallised grain sizes of the Fe-B-N alloy v/ere not very 
sensitive to variations in heat treatment prior to cold rolling, and were 
smaller than those for iron. The precipitates present during annealing of 
the 850°C aged and the normalised specimens were relatively large and widely 
spaced, and as a consequence were expected to accelerate rather than retard 
nucleation. This was thought to be the main reason for the slightly faster 
recrystallisation kinetics and small grain size of these specimens. The 
recrystallisation characteristics of the water quenched specimen were very 
similar to those of the 850°C aged and the normalised specimens, although 
electron microscopy indicated that the boron and nitrogen were in solution 
during recrystallisation. The higher driving force for recrystallisation 
in the water quenched specimen, as indicated by its high cold rolled 
hardness, would be expected to increase the recrystallisation kinetics but 
this was apparently compensated by a retardation due to the boron and 
nitrogen in solution. Antonione et ,109) 0kserve(j a similar effect
while studying the influence of carbon and nitrogen on the recrystallisation 
of iron.
It was apparent from the results of the alloys that differences in 
ferrite morphology and grain size prior to cold rolling had little 
influence on recrystallisation. This was consistent with the microscopic 
observation that matrix nucleation was more common than grain boundary 
nucleation.
The effects of the major alloying elements present in the alloys 
formed a consistent pattern, and the following general conclusions were 
drawn :
(i) Finely dispersed titanium carbide precipitates retarded the formation 
of recrystallisation nuclei, and the retardation increased as the 
volume fraction of precipitate increased. Retardation of 
nucleation was reduced as the size and interparticle spacing of the 
precipitates increased. The precipitates may have retarded the 
growth of nuclei, but their effect on nucleation was relatively 
greater.
(ii) Titanium in solid solutionaretarded the formation of recrystallis- i 
ation nuclei and their subsequent growth, and this retardation 
increased as the amount of titanium in solution increased.
Titanium in solution was relatively more effective than titanium 
carbide precipitates at retarding the growth of nuclei.
(iii) The coarse and widely spaced boron nitride precipitates present in 
the 850°C aged and the normalised specimens of the Fe-B-N alloy 
slightly increased the nucleation rate. Any retarding effects of 
boron and nitrogen in solution in the water quenched specimen were 
probably compensated by a high cold rolled hardness.
The results were consistent with the general body of information that
has accumulated on studies of recrystallisation in metals and alloys.
Recrystallisation was retarded in the Fe-Ti-C alloys where,the interparticle
spacing was considerably less than 1 pm, while recrystallisation was
slightly accelerated in the 850°C aged and normalised specimens of the Fe-
B-N alloy where the interparfcicle spacing was generally much greater than
(92)1 pm, in agreement with the .criterion proposed by Mould and Cotterill •
The subgrain sizes in heavily cold rolled iron usually range from 0.3 pm to
(58 84 89 163)1.0 pm, ’ * * and precipitates with an interparticle spacing less
than this would be expected to interfere with the growth of the subgrains,
and consequently retard matrix nucleation. The closely spaced
precipitates would also be expected to pin existing cold worked grain
boundaries, thereby retarding grain boundary nucleation. The retardation
of recrystallisation observed in the Fe-Ti-C alloys was consistent with
these proposals. In contrast, the widely spaced precipitates in the 830°C
aged and normalised specimens of the Fe-B-N alloy were thought to have
aided nucleation, as the subgrains formed adjacent to the precipitates were
expected to grow readily in the surrounding precipitate-free matrix.
Solute retardation of recrystallisation is thought to be due to the
combined effects of solute interaction with vacancies, dislocations and
grain boundaries, and to the drag created by the solute as it diffuses
along with these defects. Retardation is expected to increase as the
interaction between solute and defects increases $ and as the diffusion rate
(102—104)of the solute decreases. It seems likely that the interaction
between solutes and defects in ferrite consist mainly of elastic and
electronic effects. The effects of solutes on recrystallisation observed
in the present investigation were consistent with these proposals. The
diffusion rates for substitutional elements in iron are low, and the work of 
(101)Abrahamson et al indicated that the electronic interaction between
titanium and defects in iron is high. Consequently titanium in solution
had a marked retarding effect on both the formation of nuclei and on their
subsequent growth. In contrast, the diffusion rates for nitrogen and
(164)boron are relatively high and the effects of these elements on
recrystallisation was quite small, even though their elastic interaction 
with defects was expected to be considerable. Titanium in solution was 
more effective than the titanium carbide precipitate at retarding the growth 
of recrystallisation nuclei. This was attributed to a reduction in the 
inherent mobility of grain boundaries in the presence of titanium, whereas 
precipitates would only effect the mobility of grain boundaries when in 
contact with the boundaries.
The trace impurities in the alloys were generally low and were not 
expected to have had any marked influence on recrystallisation. Inclusions 
were quite common in the Fe-Ti-C alloys and were thought to be mainly 
oxides and sulphides, but their effect on recrystallisation was expected to 
be insignificant compared with that of the finer titanium carbide
(68)precipitates. Recent work has indicated that sulphur in solution above
0,00k% can retard the recrystallisation of iron significantly, but 
( ~\ AS—! f / l ^
solubility data indicated that this level of sulphur in solution
was only reached in alloy Al where the combination of a relatively high 
oxygen content with a low manganese content probably resulted in most of 
the 0,01$ sulphur remaining in solution during processing. It is possible, 
therefore, that sulphur may have contributed to retarding recrystallisation 
in alloy Al, However, the difference in recrystallisation kinetics 
between the normalised specimen of alloy Al and specimens which received 
other pretreatments indicated that a substantial part of the retardation 
in this alloy must have been due to titanium carbide precipitates;
The persistance in many instances of a few cold worked grains during 
the later stages of annealing has been noted earlier. These grains were 
eventually consumed by surrounding recrystallised grains rather than by 
internal nucleation. This suggested that polygonisation had occurred in 
these grains in preference to recrystallisation. Annealing studies have 
shown^^*'^'^ that polygonisation is favoured when there is an absence'of 
a cell structure in the cold worked metal and an excess of one type of 
dislocation. On annealing, the like dislocations undergo rearrangement by 
glide and climb to form simple low angle boundaries, thereby markedly 
reducing the stored energy available for recrystallisation. Deformation 
structures which favour polygonisation in iron after cold rolling have 
been found to occur, in both single and polycrystalline material, in 
crystals having fl00| orientations^^’^ ,*^ 7<^ . It seemed probable, 
therefore, that the cold worked grains which persisted during annealing in 
the present study had £l00i orientations. The inverse pole figure data 
in Table 12 for the 8.50 °C aged specimen of alloy 29R supported this view, 
as between 550°C and 700°C this specimen changed from 95 a- to 100/6 
recrystallised, and the £200} component was the only reflection to show 
a marked drop in intensity during that change.
The recrystallised grains of all materials studied in this investi­
gation exhibited varying degrees of elongation in the longitudinal (or
rolling) direction. Marked elongation of recrystallised grains has been
(53 55-57)observed previously in aluminium-killed and copper bearing steels ,
and has been attributed to the precipitation of aluminium nitride or a 
copper-rich phase at grain boundaries in the cold worked steels, either
prior to or during the early stages of annealing. These precipitates were 
thought to act as barriers to grain growth. However, this was not the. 
primary cause of grain elongation in the present study as in only two
r
instances, the normalised specimens of alloys A2 and 29R,was there a corres­
pondence between the thickness grain size after cold rolling and after
(15)recrystallisation. In an earlier investigation by the author , it was
noticed that grain elongation seemed to be a general phenomenon as it
occurred in iron and a wide range of dilute iron alloys after cold rolling
and annealing, even though many of the alloys did not contain a precipitate.
This suggested that nuclei growth rates were higher in the longitudinal
direction than in the thickness direction, and this has been observed in 
(3 9 ZL.61)
iron ’ . The elongation ratios were usually limited to 1.1-1.3 in the
earlier investigation, probably because of the early impingement of grains 
growing in the longitudinal direction, but greater elongation ratios would 
be expected in materials where nucleation was retarded more than growth.
This was thought to be the main cause of grain elongation in this study, 
although the barrier effect of grain boundary precipitates may have been a 
contributary cause in some cases.
Normal grain growth occurred in all materials during the 850°C  
annealing cycle, and the extent to which this occurred is shown in Table 3 
and Figures 22(a) and 22(b). It can been seen that less grain growth 
occurred in the alloys, particularly in Al and A3, than in iron. . It was 
proposed by Zener^'^ that precipitates retard grain growth by reducing 
grain boundary area, and that the retarding force is proportional to f/d,
where f is the volume fraction of precipitate and d is the precipitate
diameter. Grain growth in each of the Fe-Ti-C alloys during annealing was 
not very sensitive to variations in h«at treatment prior to cold rolling, and 
the reason for this can be seen in Table 8. The data in this table
indicated that the differences in precipitate distribution initially present
after the prior heat treatments became quite small as annealing proceeded.
It was apparent, however, that differences in grain growth between the ' 
various Fe-Ti-C alloys could not be entirely accounted for on the basis of 
precipitate retardation. This can be seen from Table l^ f where an estimate 
has been made of the Zener retarding force (f/d) for each of the Fe-Ti-C 
alloys at 850°C. It was clear that the marked retardation of grain growth 
in alloy Al could not be explained by the presence of precipitates, as the 
volume fraction of titanium carbide was too low and the oxide (and other
inclusions) were too coarse. Ainslie and Seybolt^’*’^  have shown that 
sulphur segregates at grain boundaries in ferrite and strongly retards 
grain growth. It was considered likely that sulphur was the main cause of 
grain growth retardation in alloy Al as the concentration of sulphur in 
solution was probably higher than in the other alloys. It was apparent 
that the large concentration of titanium in solution in alloy S271 also 
tended to retard grain growth as the extent of growth in this alloy was less 
than in A2, although having a lower f/d value.
Grain growth in the Fe-B-N alloy during the 850°C anneal was more 
complex as deboronisation caused the formation of a duplex grain structure. 
However, it was apparent from the central regions of the material that marked 
retardation of grain growth occurred in each of the three differently heat 
treated specimens. An estimate of the f/d values for the 850°C aged and 
the normalised specimens was not made due to the difficulty of assigning 
a diameter to the needle-shaped precipitates, but it seemed very unlikely 
that the widely spaced precipitates were responsible for the marked grain 
growth inhibition. The loss of this inhibiting influence at the specimen 
surfaces as deboronisation proceeded indicated that boron in solution was 
the most likely cause. It can be seen from Figure 30 that the boundary 
between the retarded central grains and the more rapidly growing outer 
grains was quite straight and distinct. Evidently the retarding effect of 
boron on grain growth was lost quite abruptly at a certain critical 
concentration. This critical concentration was apparently very low as 
solubility data^^^ for boron nitride indicated that the amount of boron in 
solution at 850°C was less than 0.001$. Further work is clearly needed to 
clarify these effects.
The secondary recrystallisation which occurred in- high purity iron will
• » V ‘
be discussed in the following section on textures, as this phenomenon was 
believed to be crystallographic in origin.
5.*- ‘Texture and R Values
The R values obtained on material after cold rolling -*■'85# and
annealing at temperatures up to 830°C are shown in Table anc* the
corresponding texture data obtained on selected specimens are shown in Table
12. The texture data show that recrystallisation and grain growth were.
usually accompanied by an increase in the intensity of £2221 components
and a decrease in the intensity of £200| components. It is generally
recognised that £222? components are beneficial to high R values while
{200? components are detrimental, and Held^*^ has reported a linear
relationship between R and log (I £222} /I £200} ) for a range of low carbon
steels, where I £222} and I £200} were the intensities of the £.222} and
£200} components respectively, A similar dependence was observed in the
present study and is shown in Figure 42(a), together with the relationship
found by Held. However, other crystallographic components were also
expected to influence R, and an improved correlation (coefficient of
correlation 0.88 compared with O.83) was obtained using log (I £222} + I £332}
+ I £211} /I {200} + I {310} + I £420} ) where, in general, I £hkl} was
the intensity of the £hkl} components. This relationship is shown in
Figure 42(b) and is consistent with the theoretical results of Hosford and 
(21)Backofen given in Figure 5* Bearing in mind the limited nature of the
texture data the correlation was quite good, and is in agreement with the
generally held view that the R values of a material are determined mainly 
by its crystallographic texture.
The data in Table 9 for materials in the just recrystallised condition 
showed that retardation of recrystallisation in the Fe-Ti-C alloys led to 
a significant improvement in R, while the slightly accelerated kinetics of 
recrystallisation of the Fe-B-N alloy usually had little effect. The 
higher R values generally exhibited by the Fe-Ti-C alloys after recrystall­
isation could be accounted for by differences in texture. The data in 
Table 12 indicated that the intensities of the favourable {21l} components 
were higher in the Fe-Ti-C alloys than in iron and the Fe-B-N alloy, while 
the intensities of the detrimental £200} and £420} components were 
correspondingly lower. Texture data for iron and each of the alloys were 
usually obtained on specimens which had received only one of the various 
heat treatments performed prior to cold rolling. However, the texture 
data for these specimens of each material were expected to be reasonably
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characteristic of specimens of the same material which had received other 
heat treatments prior to cold rolling, as the R values of each material were 
usually not very sensitive to variations in prior heat treatment. The 
normalised specimen of alloy A1 and the water quenched specimens of alloys 
A2 and 29R were exceptions. The improvement in texture usually observed 
in the Fe-Ti-C alloys apparently did not occur in the normalised specimen 
of alloy A1 as the R values were similar to those of iron, while the very 
low R values of the water quenched specimens of alloys A2 and 29R indicated 
that their textures were less favourable than in iron.
Before considering the possible recrystallisation mechanisms which may 
account for the textural differences among the various materials, it is 
relevant to consider the recrystallisation behaviour of iron as considerable 
secondary recrystallisation occurred concurrently with primary recrystall­
isation in both the water quenched and air cooled specimens. Further 
secondary recrystallisation occurred during the 89G°C anneal, and the data 
in Table 12 indicated that the secondary grains had {222} or near £222} 
orientations. The secondary recrystallisation in iron of grains with ’’near 
£554} <22.5>n orientations has been reported by Stickels and Yen , and
the present result was consistent with their finding as £222} and £554} 
planes are within 6° of each other. They attributed the phenomenon to de- 
nitriding, but this explanation cannot apply to the present study. The 
onset of secondary recrystallisation is aided if the secondaries can grow
into a stable primary matrix, thereby gaining the large size advantage
(112)required for rapid growth . Figure 24 indicated that this did occur 
as many of the secondaries contained the ’’ghost” outline of the former 
primary recrystallised matrix which, as can be seen, consisted of small 
and uniform grains. The formation of the ’’ghost” outline was probably 
caused by preferential etching associated with the segregation of 
impurities at concentrations too low to stabilise the matrix. A more 
probable explanation for the formation of these stable regions is that 
certain large cold worked grains nucleated many recrystallised grains of 
similar orientation, and the growth of these recrystallised grains was 
retarded due to the low mobility of low angle boundaries. If the 
orientation of these grains was related to a {222} orientation by *-^ 27° 
rotations about common <110> directions, then any large recrystallised 
grain with that £*222} orientation which impinged on the local stabilised 
region would rapidly consume it. These £222} grains would then have a
very large size advantage over all others and would continue to grow 
quickly, even though normal grain growth was occurring in the other grains.
It was apparent from the observations on the occurrence of secondary 
recrystallisation that the texture data obtained on the water quenched 
specimen of iron after annealing at 700°C for 5 hours were not truly 
indicative of the texture developed during the actual primary recrystall­
isation process; In particular, the intensity of the £222} components 
developed during primary recrystallisation would seem to have been 
considerably less than that indicated in Table 12. However, the texture 
data provided a means for estimating the intensity of the {222} components 
developed during primary recrystallisation. After 3 hours at 700°C, the
proportion of secondary grains in the water quenched specimen was 35?= and 
the intensity of the £222} components was 11.10. After annealing at 
830°C for 22 hours the proportion of secondary grains had increased to 63% 
and the intensity of the £222} components had risen to 14.23. By 
extrapolation, the intensity of the £222} components when there were 
theoretically no secondary grains present was calculated to be 7*5» It 
seemed likely, therefore, that the £222} intensity developed in iron due 
to primary recrystallisation was less than that developed in most of the 
Fe-Ti-C alloys and similar to that developed in the 850°C aged specimen of 
the Fe-B-N alloy. It was consequently concluded that, compared with iron 
and the Fe-B-N alloy, primary recrystallisation in the Fe-Ti-C alloys led to
an increase in the intensity of £222} and £211} components and a
decrease in the intensity of £200}: and £420} components, apart from the
exceptions mentioned earlier.
It was apparent that similar textural changes occurred during the 
recrystallisation of all materials for which data was available, the 
differences mentioned above being merely variations in the extent of these 
changes. In each case recrystallisation was accompanied by an increase in 
the intensity of the £222} and £332} components, while the intensity of
the £200} components decreased considerably. The intensity of other
components usually remained reasonably constant or decreased. Similar 
trends have been observed in other studies of iron and steel^^,■^,^ ,^ ,^ ^  
although the £222} components were sometimes found to decrease slightly 
during recrystallisation. However, the £222} components still accounted 
for a considerable proportion of the recrystallisation texture, as in the
/o/r\
present investigation. In a recent study it was observed that grains 
with {’222} orientations nucleated more quickly than grains with £200} 
orientations, i.e. preferential oriented nucleation occurred. This 
observation is consistent with those of other investigations on iron and 
steel where evidence was found that grains in the cold rolled matrix with 
£222} and near {222} orientations exhibited higher values of stored 
energy than did grains with {200} and near {2001 orientations(50j84)^ 
and that during annealing the recovery and subgrain growth rates of these 
higher energy orientations were faster than those of the lower energy
/ rQ Oc On\
orientations * 1 . Recrystallisation nuclei with {222} and near
£222}orientations should also be favoured for growth as a considerable
portion of the deformation texture developed in heavily cold rolled iron
and steel, viz. a <L10> fibre texture in the rolling direction centred near
the {00l} <L10> end of the range^^,^ ,^ '~'^, would be related to many
(77 84)
of these nuclei by ~270 rotations about common <110> directions ’ •
In contrast, many of the nuclei with £200} and near £200}orientations 
would not be favoured for growth as they would soon impinge on cold worked 
matrix of a similar orientation.
It was considered likely that the texture and orientation dependence 
of stored energy of materials used in the present investigation would have 
generally been similar to those reported above, and on that basis the 
textural trends which were common to all specimens in Table 12 can be 
accounted for qualitatively by the combined effects of oriented 
nucleation and oriented growth. The early nucleation of grains with 
£222} and near £222} orientations (such as £3321 ), coupled with good 
growth prospects,, would enable them to constitute a considerable part of the 
recrystallisation texture. Grains with {200} and near £200} orient­
ations (such as £310} )j having poor nucleation and growth prospects in 
general, would only be minor components of the recrystallisation texture.
The combined effects of oriented nucleation and oriented growth can 
satisfactorily account for the differences observed in recrystallisation 
texture and R values between the various materials. The retarding 
influence of precipitates on matrix nucleation would be expected to be most 
effective in components of the cold rolled texture possessing the lowest 
stored energy, i.e. £200} and near £200} orientations, which are 
detrimental to high R values. Grain boundary nucleation would be
retarded as well, and this may alsDretard the nucleation of grains with 
<• 7 (84)£.200} orientations i As a result the proportion of grains with 
favourable £222} and near £222} orientations in the recrystallised 
structure should increase at the expense of grains with £200} and near 
£200} orientations, and the texture and R value data shown in Tables 9 and 
12 for most of the specimens of alloys A1 and A2 were consistent with that 
prediction. It will be shown subsequently that much of the difference in 
R observed between most of the specimens of alloys A1 and A2 could be 
accounted for by small variations in grain growth during the final stages 
of the recrystallisation anneals. This general similarity between the R 
values of the A1 and A2 specimens suggested that the increased retardation 
in alloy A2 had little additional effect on texture development during 
recrystallisation. Apparently the increased grain growth in the longi­
tudinal direction of the A2 specimens consumed cold worked matrix which 
contained potential nuclei of similar orientation to that of the consuming 
grain.
Recrystallisation in the normalised specimen of alloy A1 and the
water quenched specimen of alloy A2 did not lead to the improvement in R
usually observed in these alloys. The R values of the normalised specimen
of alloy A1 were similar to those of iron; apparently the increase in
spacing of the titanium carbide brought about by the normalising treatment
was sufficient to reduce their effect on preferential nucleation to an
insignificant level. The very low R values of the water quenched specimen
of alloy A2 indicated that preferential nucleation of £222} and near
£222}orientations had been reduced in this case rather than enhanced.
The small recrystallised grain size of this material has been attributed to
a relative increase in nucleation rate as the carbon in solution during
cold rolling was expected to have increased the overall stored energy of
cold work, but' this factor alone could not account for the very low R
values. Carbon in solution is known to affect the cellular structure
formed in cold rolled iron. The cells become smaller and the cell walls
(107 1 7  ^^
become wider as the carbon content increases ’ , and these changes
would probably affect the orientation dependence of stored energy. The 
results for the water quenched specimen of alloy A2 suggested that the 
differences in stored energy between the various orientations had been 
diminished, thereby reducing the preferential nucleation of grains with
£222} and near £222} orientations. The results for alloys A1 and A2
therefore indicated that the volume fraction of titanium carbide
precipitate required to improve the texture and R values of iron during 
recrystallisation was quite small, providing that the precipitate was 
finely dispersed. This improvement occurred whether the titanium carbide 
was precipitated prior to cold rolling or during annealing when the volume 
fraction was low, as in alloy Al, but only when precipitated prior to cold
rolling when the volume fraction was higher.
Recrystallisation in alloys A3 and S2?l was influenced by titanium
in solution as well as by the precipitates of titanium carbide. In the
previous section it was shown that both had a similar retarding effect on
nucleation, but that titanium in solution was relatively more effective
than the precipitates at retarding nuclei growthi Retardation of
nucleation in these alloys was expected to improve the texture and R values
in a manner similar to that proposed for alloys Al and A2. Retardation of
nuclei growth should further increase the R value as many of the nuclei
with £222} and near £222} orientations would be expected to be related
to much of the deformation structure by~27° rotations about common <110>
directions, and there is evidence, that these special high coincident site
(174 175)boundaries are the least affected by solute retardation . In
contrast, many of the nuclei with £200} and near £200} orientations 
would not have high coincident site boundaries as they would soon impinge 
on cold worked matrix with similar orientations. Consequently, the growth 
of these latter nuclei would be expected to be retarded by the titanium in 
solution. The R value of the normalised specimen of alloy S271 was 
consistent with this theory as it was significantly higher than those of 
alloys Al and A2 after recrystallisation. The water quenched specimen of 
alloy S271 did not exhibit the same improvement in R but carbon in solution 
during cold rolling may have reduced the orientation dependence of stored 
energy in a manner similar to that proposed previously for the water 
quenched specimen of alloy A2. However, titanium in solution in the S271 
specimen should still favour the growth of nuclei with £222}and near £222} 
orientations, and this has apparently compensated partly for the expected 
reduction in preferential nucleation of these orientations.
The data in Table 9 show that there were small differences between the 
R values of the just recrystallised specimens of alloy A3. Subsequent
grain growth experiments indicated that these differences in R were
significant and, unlike the differences between most of the just
recrystallised specimens of alloys Al and A2, could not he attributed to
small variations in grain growth. These differences were unlikely to
have been caused by variations in precipitate distribution during
recrystallisation, as the results for alloy A2 indicated that texture
development was not very sensitive to such variations. There is evidence
that precipitates alter the cellular structure usually formed in cold
rolled metals. The dislocation distribution has been reported to be more
homogeneous when finely dispersed particles were present^9jl76), a
corresponding reduction in both the sharpness of the cells and the angle
( inf j )
of misorientation between them . It seemed likely that the volume 
fraction of titanium carbide present in most of the specimens of alloy A3 
during cold rolling would have had similar effects, and this would be 
expected to influence recrystallisation in two ways. The more homogeneous 
dislocation distribution would diminish the orientation dependence of 
stored energy, thereby reducing preferential nucleation of £222} and near 
£222}orientations, while a decrease in the angle of misorientation between 
cells would reduce the nucleation rate. Increasing the number of fine 
precipitates present during cold rolling would therefore be expected to 
lower the R value and increase the grain size of the recrystallised material. 
The precipitate data in Table 4 indicated that the number of precipitates 
present in the A3 specimens during cold rolling increased in the following 
order; water quenched, normalised, 500°C aged and air cooled. It can be 
seen from Tables 6 and 9 that the R values decreased and the grain sizes 
increased in the same order after recrystallisation, and consequently it 
was considered probable that variations in the cold worked structure were 
the cause of these differences. Similar effects were not expected in the 
other alloys where the volume fractions of precipitate were considerably 
less. Because of this expected influence the results for the 
recrystallised specimens of alloy A3 were generally not directly comparable 
with those of the other Fe-Ti-C alloys. This did not apply to the water 
quenched specimen as only the large undissolved precipitates were present 
during cold rolling. The R value of this specimen was higher than those 
of any of the Al and A2 specimens, and was therefore in agreement with the 
earlier proposal that titanium in solution further improved the texture 
and R values by preferentially retarding the growth of some nuclei.
The coarse and widely spaced precipitates present in the normalised 
and the 8^0°C aged specimens of alloy 29R had little effect on the 
recrystallisation kinetics, and consequently the R values and texture data 
obtained on these specimens were similar to those of iron. The very low 
R value of the water quenched specimen was attributed to a reduction in 
the orientation dependence of stored energy, similar to that proposed for the 
water quenched specimen of alloy A2, as the nitrogen and boron were in 
solution during the cold rolling of this specimen.
The combined oriented nucleation and oriented growth theory used 
above is similar to that proposed by Dillamore et a l ^ ^  to account for the 
improvements in R exhibited by aluminium-killed steels when nucleation was 
retarded by aluminium nitride. It has been shown in the present investi­
gation that the theory cannot only account for the retardation effects of 
titanium carbide, but can be extended to explain the effects of titanium in 
solid solution on texture development during recrystallisation satisfactor­
ily.
Grain growth occurred in all materials during the ?80°C and 8t>0°C 
anneals. R value measurements were made on most materials after these 
treatments and are shown in Table 9» while the corresponding grain size 
data are given in Table 6. It can be seen that, with the exception of the 
water quenched specimen of the Fe-B-N alloy, grain growth was accompanied 
by an increase in R. However, the rates of increase in R with grain 
growth shown by the various specimens varied markedly, and typical examples 
are shown graphically in Figures k j and kb, To aid clarity the results 
for all of the specimens of alloys Al and A2 have not been included in the 
figures, but the relationships exhibited after other prior heat treatments 
were similar to those shown. This supported the view mentioned earlier 
that differences observed in R for most specimens of these alloys after 
annealing at ?2‘5°C were due largely to small variations in the amount of . 
grain growth which occurred during the final stages of the recrystallisation 
anneal.
The texture data in Table 12'indicated that the different rates of 
increase in R with grain growth were associated with the ability of'grains 
with £222} orientations to consume grains with detrimental £200} ??310} 
and {*f20}orientations. Grain growth in iron, including secondary
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recrystallisation, resulted in a marked increase in the intensity of the 
£222? components but only a slight decrease in the intensity of most 
other components, and the rate of increase in R with grain growth was 
quite low. Intermediate rates of increase in R were exhibited by alloy A2 
and the water quenched specimen of alloy S271* In these cases the 
increase in intensity of the £2221 components was usually less than in 
iron but the intensities of the I200} , 1310? and l420?components were
reduced to correspondingly lower values, more than compensating for the 
lower £222? intensity. The highest rate of increase in R was exhibited 
by the normalised specimen of alloy S271* Grain growth resulted in a 
considerable increase in the intensity of the £222? components while the 
intensities of the £ 200? and £310? components were reduced to very low 
values. The intensity of the £^20? components remained very low and 
the intensity of the £211? components increased noticeably. These three 
textural patterns covered the range of R behaviour observed in iron and 
the Fe-Ti-C alloys, and were assumed to be typical of the kind of textural 
changes occurring in other specimens showing similar rates of increase in 
R with grain growth. The texture data for the 300°C aged specimens of 
alloys Al and A3 did not always follow the appropriate pattern, but the 
amount of grain growth which occurred in these alloys was quite small and 
changes in texture were probably masked by sampling variations.
(112 177)Experimental observations ’ have shown that large grains
usually increase in size during grain growth while small grains decrease in
size and eventually disappear. Grains of medium size change little
initially, but eventually become "small” grains and shrink as the average
grain size increases. These observations are consistent with theoretical
(ill 113 11 *f)treatments of grain growth * 1 , and can account for the changes
in texture and R values observed in the present investigation. The grain 
size distribution initially present in the recrystallisedxspecimens would 
have been determined mainly by the primary recrystallisation process, and 
the largest grains would have been those which nucleated first and were 
able to grow quickly into the cold worked matrix. As discussed earlier, 
grains with £222? and near £222? orientations were thought to be 
favoured for both nucleation and growth in iron and most of the alloy 
specimens. It follows that the formation of grains with orientations 
which yield high R values were not only favoured during primary recrystall­
isation, but that these grains would also have had good growth prospects
during subsequent competitive grain growth. It was therefore expected 
that the higher the R value exhibited by a specimen after recrystallisation» 
the higher would be the rate of increase in R during grain growth, and this 
is indeed reflected by the results. The higher rates of increase in R 
observed for the specimens of alloys Al and A2 compared with those for 
iron were attributed to the effects of precipitate retardation on 
nucleation. Retardation was expected to increase the relative number and 
size of grains with favourable £222? and near £222? orientations in 
the recrystallised matrixj and decrease the number and size of grains with 
detrimental £200? , £310? and £A20?orientations. Subsequent growth
of the large grains would therefore lead to a more efficient removal of 
grains with detrimental orientations than occurred in iron. The results 
supported this view, despite the occurrence of secondary recrystallisation 
in iron. The growth of these secondaries, although probably having £222? 
or near £222?orientations, was not expected to be greatly influenced by 
the grain size and orientation distribution in the remaining matrix and 
would therefore not preferentially consume the detrimental orientations.
The additional improvement in rate of increase in R with grain growth
exhibited by the normalised specimen of alloy S271 and the water quenched
specimen of alloy A3 was attributed to the retarding effects of titanium
in solution on the growth of recrystallisation nuclei. This was expected
to further increase the relative number and size of grains with
favourable £222? and near £222? orientations in the recrystallised
matrix, and consequently further improve the efficiency of removal of
grains with detrimental orientations. The lower R values of the water
quenched specimen of alloy S2?l and the other specimens of alloy A3 after
recrystallisation were thought to be due to reductions in the preferential
nucleation of £222? and near £222? orientations. The correspondingly
lower rates of increase in R with grain growth usually shown by these
specimens supported this view. It was shown earlier that the precipitates
(ill 114)in the Fe-Ti-C alloys retarded grain growth. Theoretical studies ’ 
suggest that precipitates are less effective at retarding growth when there 
is a large size difference between the growing grain and the grain which is 
being consumed. This effect may have also favoured the growth of large 
grains in the Fe-Ti-C alloys.
Texture data were not obtained on any of the Fe-B-N specimens after
annealing at 350°C, but the R values indicated that the textural changes 
occurring with grain growth were consistent with the pattern proposed 
above. Recrystallisation in the 850°C aged specimen was only slightly 
accelerated and it seemed likely that the distribution of orientations 
within the grain size range would have been similar to that in iron, with 
the exception of the secondary recrystallised grains in iron. Secondary 
recrystallisation did not occur in the Fe-B-N alloy so the rate of 
increase in R with grain growth for the S30°C aged specimen would 
therefore be expected to be somewhat lower than that for iron, and this was 
observed, as shown in Figure The R value of the water quenched
specimen of the Fe-B-N alloy was very low, and grain growth caused a 
further reduction. It was clear in this case that orientations detri­
mental to R grew at the expense of favourable orientations. The very low 
R value of this specimen after recrystallisation has been attributed to a 
reduction in the preferential nucleation of £2221 and near £2221 
orientations. This apparently occurred to such an extent that they were 
no longer the most favoured for growth after recrystallisation was 
completed.
It can be seen that the changes in texture and R values which 
occurred during the 780°C and 830°C anneals are not only consistent with 
our present knowledge of grain growth, but support the conclusions reached 
earlier on the effects of precipitates and titanium in solution on primary 
recrystallisation.
The normalised specimen of alloy S271 exhibited a very strong near
1.53^1 <223> texture after annealing at 8^0°C for 22 hours, as shown in
(ifZf 50 52 62)
Figure 33* This is in agreement with earlier investigations ’ ’ * *
where it was found that £lll? <112> or 133^1 <223> type textures were
the dominant components in recrystallised iron and steel which had been
heavily cold reduced prior to annealing.
(67 68)
The results of other studies * of the formability of Fe-Ti-C
alloys have been reported since the present investigation began. These
investigations were performed on materials which had received 70%> prior
cold reduction, but the results still exhibited some marked similarities
(67)
to those of the present investigation. Shimizu et al varied the 
grain size of a wide range of Fe-Ti-C alloys by using two annealing
troa.tments; a standard box anneal to 710°C and a rapid anneal to 870°C.
They found that, when compared with the 710°C anneal, the higher temper­
ature anneal resulted in a slightly coarser grain size and a marked 
increase in R in those alloys in which the oxygen content was less than 
~ 0.015%, and an R value as high as 2.47 was reported in one instance. 
Blickwede^^ subsequently showed that the results of Shimizu et al, in 
general, exhibited a reasonably linear correlation between R and A.S.T.M. 
grain size, and the differences in R could therefore be attributed to 
variations in the amount of grain growth. The relationship is shown in 
Figure 43, together with some of the results of the present investigation. 
It can be seen that the results for the normalised specimen of alloy S271
and the water quenched specimen of alloy A3 are in good agreement with
(68)those of Shimizu et al. Blickwede , using an alloy containing titanium
and carbon in the ratio of 12:1, obtained a similar relationship to that
shown by the results of Shimizu et al in Figure 43. The report was very
brief and no mention was made of the actual composition of the alloy or
of the annealing treatments. The results of the present investigation
suggested that the rapid increases in R with grain growth exhibited by the
normalised specimen of alloy S271 and the water quenched specimen of alloy
A3 were due to the presence of titanium in solution as well as to
precipitates of titanium carbide. With two exceptions, the Fe-Ti-C alloys
used by Shimizu et a l ^ ^  contained at least 0.018% titanium in excess of
that required to combine with all of the carbon in the alloys. The two
exceptions, alloys R and S, contained a corresponding deficit of titanium
and the results for these alloys after annealing at 710°C (points R1 and
Si) and 870°C (points R2 and S2) are shown in Figure 45. The different
grain size - R value relationships found in the present investigation
tended to converge at small grain sizes, and consequently DdLttle can^e
deduced from the data for alloy R. The data for alloy S exhibited the
greatest deviation from the linear relationship generally followed by the
alloys studied by Shimizu et al, and it can be seen from Figure 45 that
they in fact closely follow the relationship generally found in the
present investigation for alloys Al and A2. This supports the proposal
that titanium in solution is required to attain the very high rates of
increase in R with grain growth exhibited by some materials. The
combined results of the two studies indicate that the minimum amount of
titanium in solution required to cause this additional improvement is
(15)between 0.01% and 0.02%. Other results suggest that titanium in
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solution on its own may be sufficient to cause the observed marked 
improvement in R, without the additional effect of precipitates, but the 
data available does not clarify this point.
Reasonably high R values are obtained on aluminium-killed steels when
the aluminium and nitrogen are in solution prior to annealing and a low
(55*-58 63)rate of heating is used during annealing ’ • The results obtained
in s t u d i e s o f  three industrial aluminium-killed steels (points K, T
and U) and a high purity iron based Fe-Al-N alloy (point Fe-Al-N) are shown
in Figure 5^j and it can be seen that they quite closely follow the
relationship found for alloys Al and A2. These reports only gave one
data point for each alloy and therefore should be treated with caution,
but they do suggest that the precipitation of aluminium nitride, or the
clustering of aluminium and nitrogen, during recrystallisation retarded
nucleation and influenced texture development in a manner similar to that
proposed for titanium carbide. However, unlike titanium carbide,
aluminium nitride is ineffective when precipitated prior to cold rolling
and this is apparently due to their different precipitation characteristics.
In the absence of a cold worked structure aluminium nitride precipitates
(57 58)preferentially at grain boundaries ’ , whereas titanium carbide
precipitates uniformly throughout the matrix. This suggests that the 
strains associated with the nucleation of aluminium nitride are consid­
erably greater than those associated with the nucleation of titanium 
carbide.
Due to a lack of material only a small amount of work was done on the
effects of prior cold reduction on the recrystallised values of R.
The results which were obtained are given in Table 10. The type of
changes which occurred in the R values with increasing cold reduction
were similar in each material, and typical examples are shown graphically 
in Figure The net effect was that R increased with cold reduction
in each case, due mainly to a rapid increase in The corresponding
grain size data in Table 7 shows that grain size usually decreased with 
increasing cold reduction. Consequently the increases in R could not be 
attributed to differences in grain growth during the later stages of 
annealing.
This behaviour contrasted with that observed for industrial
(52)
steels where increasing cold reduction in the 70-90% range was found
to have little effect on R ^ o » while decreases in Rq0 and R^qo caused a
net decrease in R. Consequently industrial steels usually exhibit a
maximum in R after approximately 60-70$ prior cold reduction, as
illustrated in Figure 6. This decrease in R at high cold reductions has
been found to be associated with an increase in the intensity of f200l and
( k i l l  components, and a decrease in the intensity of £222^
c o m p o n e n t R e c e n t  evidence indicated that this transition may
be due to changes in the orientation dependence of stored energy in the
cold rolled structure• The results of the present investigation indicated
that this transition at ~ 70$ prior cold reduction was not the basic
(52)behaviour of high purity iron* and there is evidence that the transition 
in industrial steels may be due to the presence of substitutional elements 
suoh as manganese, aluminium and nickel. Clearly further work is needed 
to determine the effects of alloying elements on the cold worked structure 
of iron.
C. Erichsen Values and Mechanical Properties
The Erichsen values in Table 13 show that the formability of the Fe-Ti-
C alloys under biaxial tension was generally superior to that of iron, while
the formability of the Fe-B-N alloy was inferior. The Erichsen value of
most materials increased after annealing at higher temperatures,
especially when considerable grain growth occurred. Many attempts have
been made in the past to attribute differences i a  Erichsen and other
stretch-forming tests to variations in mechanical properties determined by
(24-28)uniaxial tensile testing , but these have always been only partially
successful. Most of these efforts have been concentrated on those 
mechanical properties.relating to strain hardening, as this is clearly the 
dominant factor in stretching behaviour. The strain hardening index (n) 
has frequently been used as a measure of strain hardening behaviour, but 
the ratios of U.T.S./Y.S., U.T.S./F.S.10$, U.T.S./Y.S.xn and U.T.S./F.S.10$ 
xn have also been proposed, where U.T.S. is the ultimate tensile strength, 
Y.S. is the yield stress and F.S.10$ is the flow stress at 10$ elongation.
The Erichsen values obtained in the present investigation exhibited some 
correlation with each of these parameters, using either the minimum value 
of the parameter exhibited with testing direction in the plane of the
sheet or the average value exhibited by the sheet. The best correlations
were obtained using the average values of n and U.T.S./Y.S. x n, and these
are shown in Figures 46 and 47 respectively. However, it was clear that
none of these parameters predicted the behaviour of the materials under
biaxial tension accurately. This general lack of success is probably
associated with the fact that the strains developed during biaxial
( 27 2Q ■ XO")
stretching are greater than those in uniaxial tension 1 * , as there
is evidence that the effects of strain concentrations and discontinuities
(26)on strain hardening increase with strain . Consequently, these effects, 
although important in stretch forming, may not be readily apparent at the 
lower strains obtained in uniaxial tension.
However, the data in Figures 46 and 47 show that certain trends did 
exist, and it was apparent that high Erichsen values were usually 
favoured by high average values of n and U.T.S./Y.S. These parameters 
are controlled by the flow stress behaviour. During tensile testing the 
flow stress (0") increased and the strain hardening rate ( d o y d e )  
decreased with increasing true-strain ( S ), and it can be shown that 
d < r / d e  -  cr at the limit of uniform strain (£*), i.e. at maximum load on 
the load-elongation curve. In addition, when the flow stress obeys the 
relationship (T = C £ n, as was generally observed in the present investi­
gation, then it can be shown that S *  = n. As a consequence n and 
uniform elongation should increase when the strain hardening rates are 
increased relative to the flow stress, and vice versa. The flow stress 
usually varied slightly with testing elongation. The average properties 
for each specimen will therefore be considered initially and then the 
reasons for the variations with testing direction will be discussed.
It was shown in Figure 4l that the average flow stress-grain size 
relationship exhibited by iron was closely followed by all of the 
specimens of alloy Al, and by the 850°C aged and normalised specimens of 
alloy 29R after annealing at 700°C, i.e. the strain hardening rates of these 
specimens were similar above S - ^0.08, the level of flow stress being 
determined by grain size. Consequently n and uniform elongation should
increase in these specimens as the grain size increased, as shown
schematically in Figure 48, and this was observed. The smallest grain
sizes were exhibited by the specimens of alloy 29R after annealing at
700°C and their average n value was approximately 0.18. The average n
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values of the other specimens progressively increased with grain size, 
and a maximum average n value of 0.22 was recorded for iron after annealing 
at 85>0°C for 22 hours. The average uniform elongations showed similar 
trends. Similar trends have been reported by other investigators(26,68,120)
The average flow stress of the other Fe-Ti-C alloys was significantly 
influenced by the titanium carbide precipitates and, in alloy S271, by 
titanium in solution. The strain hardening rates increased with increasing 
volume fraction of precipitate, particularly when the precipitate was 
finely dispersed, and titanium in solution in alloy S271 was found to have 
increased the strain hardening rates considerably. The data in Table 13 
show that these effects usually had little significant influence on the 
instability strain after annealing at 680°C or 725°C as the values of n 
and uniform elongation were quite similar to those for Iron. The reason 
for this is shown schematically in Figure k9• The grain size of these 
specimens were reasonably similar, so increases in the strain hardening 
rates resulted in correspondingly higher flow stress levels. The benefit 
of the higher strain hardening rates was therefoie largely offset, and there 
was little change in n or uniform elongation. The specimens of alloys A2 
and S271 underwent considerable grain growth during annealing at 8£0°C, 
resulting in a general decrease in the level of flow stress. However, the 
strain hardening rates were little affected in alloy S271 and were only 
partially decreased in alloy A2j as a consequence n and uniform elongation 
usually increased. The specimens of alloy A3 did not exhibit similar in­
creases as the amount of grain growth in this material was quite small.
After annealing at 850°C the h values for alloy A2 were considerably higher 
than those for iron; This result is contrary to previous reports that the 
strain hardening index is reduced by the presence of precipitates \
The water quenched specimen of the Fe-B-N alloy exhibited extremely 
low values of n and uniform elongation after annealing at 700°C, and the 
reason can be seen from the average flow streds curve in Figure 37* The 
strain hardening rates of the specimen were similar to those shown by A3, 
but the level of flow stress was markedly higher due to the very high 
yield stress. This behaviour was attributed to the combined effects of 
boron in solution and a very fine dispersion of iron nitride.
Deboronisation at higher temperatures reduced the strain hardening rates 
to atlevel similar to that for iron and, together with grain growth, 
considerably reduced the yield stress. As a result the values of n and 
uniform elongation for the water quenched specimen increased after 
annealing at 850°C, but they were still relatively low as the level of 
flow stress was still quite high, presumably due to a fine dispersion of 
iron nitride.
The individual flow stress curves (i.e. those measured at 0°, 45° and 
90° to the rolling direction) generally followed the same trends as the 
average flow stress curves, but there were reasonably consistent 
differences between the individual curves in each material. In most 
cases the flow stress at 0° to the rolling direction was slightly lower 
than those at 45° and 90° to the rolling direction, and consequently the 
values of n and uniform elongation were usually highest in the rolling 
direction. This pattern is consistent with the generally accepted 
effects of mechanical fibering.
The effects of alloying and grain size on the U.T.S./Y.S. ratio 
were less obvious than their effects on n and uniform elongation. It was 
mentioned earlier that, d cr/d e = cr at the limit of uniform extension. This 
condition is mot at maximum load on the load-elongation curve and so 
defines U.T.S. as well as S *. Figures 48 and 49 suggested that high 
values of U.T.S. should be favoured by a small grain size and high strain 
hardening rates, and this was generally observed. For example, the 
strain hardening rates usually increased in the following order; iron and 
alloy Al, alloy A2, alloys A3 and S271, and the values of U.T.S. 
generally increased accordingly. In contrast, grain growth in each 
specimen was usually associated with a reduction in U.T.S. The effects 
of alloying and grain size on U.T.S. were therefore fairly consistent. 
However, the effects of alloying and grain size on yield stress, and 
consequently on U.T.S./Y.S., were less clear. A considerable proportion 
of the differences in yield stress between the various specimens could be 
attributed to variations in the degree of temper rolling, and this has 
probably masked all but the largest effects of other variables on U.T.S./ 
Y.S. There was no consistent variation in U.T.S./Y.S. with grain growth, 
but it was apparent that the values of U.T.S./.Y.S. exhibited by alloys A2, 
A3 and S271 were usually higher than those for the other materials.
VII. INDUSTRIAL APPLICATION
The R value results indicated that some of the Fe-Ti-C alloys could
be processed to give deep-drawing properties which were markedly superior
to those exhibited by industrial aluminium-killed steels. This marked
improvement in drawability was dependent on two factors: a high rate of
increase in R with grain growth after recrystallisation was completed, and
the occurrence of sufficient grain growth to utilize this high rate of
increase in R. Only the normalised specimen of alloy S271 fulfilled both
of these conditions for the annealing treatments used, and the R value of
2.42 recorded for this specimen was considerably higher than those for
other materials. Some of the specimens of alloy A3 exhibited equally high
rates of increase in R with grain growth, but grain growth in this alloy
was very slow and considerably longer annealing treatments would be
required to obtain a similar increase in R. Indeed, the possibility exists
that additional grain growth in the normalised specimen of alloy S271 would
lead to further increases in R, but the grain size of steels for press-work
is limited by the occurrence of "orange-peel” roughening at grain
diameters greater than ~30 pm (A.S.T.M. grain size 6). Steels with a
grain size greater than ^30  pro are also prone to premature failure during
(26)biaxial stretching due to local strain concentrations • It can be seen 
from Figure 43 that the R value of the normalised specimen of alloy S271 
may possibly be increased to 2.8 before being limited in this way.
Such an improvement in R over that obtained with industrial 
aluminium-killed steels would enable more complex shapes to be drawn, and 
would reduce the failure rate during the pressing of existing components. 
Planar anisotropy increased with grain growth in the normalised specimen of 
alloy S271, and this would lead to earing during drawing . However, 
the R values indicated that this would be no worse than that which usually 
occurs in industrial steels.
Consequently the normalised specimen of alloy S271 was considered the 
most promising of the specimens studied, and it seemed likely that the 
results obtained for this specimen could be reproduced on an industrial 
scale using conventional industrial processing procedures. Moreover, the 
combined results for the Fe-Ti-C alloys suggested that similar R values 
could be obtained industrially on a wide range of Fe-Ti-C compositions.
The high rate of increase in R with grain growth exhibited by the
normalised specimen of alloy S271 was believed to be due to 0.^3$ excess
titanium in solution* but the results for alloy A3 indicated that 0.1$
titanium in solution produced a similar effect while recent results of 
(67)Shimizu et al indicated that as little as 0.02$ titanium in solution 
may be sufficient. It was not apparent whether the effect of titanium 
carbide precipitates was essential for attaining the high rates of 
increase in R with grain growth exhibited by some of these specimens. 
However, the general similarity between the R values for the specimens of 
alloys Al and A2 after recrystallisation indicated that the 0.022$ volume 
fraction of titanium carbide present in alloy Al was sufficient to cause 
any such effect, provided that it was finely dispersed. In any case, at 
least that much titanium carbide would be- present in any industrially 
produced Fe-Ti-C alloy as the carbon content of alloy Al was lower than 
that attainable by modem tonnage steelmaking methods. It therefore seems 
likely that the excellent R values exhibited by the normalised specimen of 
alloy S271 could be achieved on a wide range of alloys containing 
approximately 0.00*f% carbon or more, providing the alloys contained 0.02-
0.1$ titanium in excess of that needed to form titanium carbide.
The processing of these alloys would be quite simple as titanium 
carbide could be precipitated prior to cold rolling. Conventional air 
cooling after hot rolling could be employed, thereby avoiding the more 
complex spray cooling used for aluminium-killed steels, although the carbon 
content would then have to be somewhat less than the 0.09$ present in 
alloy A3 to avoid a deterioration in R. A lower carbon content would be 
desirable anyway, to economise on titanium and to facilitate grain growth 
during annealing. The optimum carbon content may be determined by stretch- 
forming considerations; it seems likely that stretch-formability would 
generally be quite good, but this aspect clearly needs further investi­
gation. Excess titanium would reduce the carbon and nitrogen in solution 
to very low levels, permitting the use of high annealing temperatures for 
rapid grain growth and reducing the likelihood of strain-ageing. The 
results of Shimizu et a l ^ ^  indicate that rapid annealing cycles could be 
used without any deterioration in drawability.
The work on the influence of cold reduction prior to annealing 
suggested that further improvements in R could be obtained by increasing
the cold reduction to 90% or more, but this approach is limited by the 
practical difficulties experienced in achieving very high reductions.
The possibility exists that other alloying elements in solution may 
be as good or even better than titanium at improving the drawability of iron 
and steeli The investigation by Abrahamspn- and A l e x a n d e r i n t o  the 
retarding effects of a wide range of alloying elements on the recrystallis­
ation of iron provides a guide to this possibility. They found that
 ^ . 
niobium was slightly more effective than titanium at retarding recrystall­
isation and it may be that niobium in solution, together with niobium carbide 
precipitates, would lead to even higher R values than were observed in the 
present investigation.
VIII. CONCLUSIONS
(i) Finely dispersed titanium carbide precipitates retarded the 
formation of recrystallisation nuclei in iron, and the retardation 
increased as the volume fraction of precipitate increased.
Retardation of nucleation was reduced as the size and spacing of 
the precipitates increased. The precipitates may have retarded the 
growth of nuclei, but their effect on nucleation was greater.
(ii) Titanium in solid solution retarded the formation of recrystallis­
ation nuclei and their subsequent growth, and the retardation 
increased as the amount of titanium increased. Titanium in solution 
was more effective than titanium carbide at retarding the growth of 
nuclei.
(iii) The presence of 0.01$ boron and 0,01 y/o nitrogen, either in solid 
solution or as a coarse dispersion of boron nitride, had little 
effect on the recrystallisation kinetics of iron,
(iv) Retardation of nucleation enhanced the formation of grains with
£222? and near £2221 orientations during primary recrystallis­
ation at the expense of grains with {200l and near {2001 
orientations, and led to an improvement in R, Retardation of 
nuclei growth by titanium in solution caused a further increase in 
the proportion of {2221 and near {2221 orientations in the 
recrystallised texture, resulting in an additional increase in R.
(v) A good correlation was observed between texture and average plastic 
strain ratio (R). The results indicated the beneficial effects of
C 222I and near {2221 orientations and the deleterious effects 
of |200| and near {200l orientations,
(vi) The R value for most recrystallised materials increased with 
subsequent groitf growth. The-rate atewhich R increased with grain 
growth was dependent on the initial value of R after recrystallis­
ation; the higher the value of R after recrystallisation, the 
higher was the rate of increase in R with grain growth,
The addition of titanium and carbon to iron usually improved the 
Erichsen value, particularly when annealed at high temperatures.
The addition of boron and nitrogen to iron had a deleterious 
effect on Erichsen value.
Correlations between Erichsen value and tensile properties were 
quite poor. However, superior Erichsen values were usually 
associated with high values of n and ultimate tensile strength/yield 
stress.
Precipitate and solute retardation of recrystallisation, when 
coupled with subsequent grain growth, produced a material with 
superior drawability to that of aluminium-killed steels. The 
compositions and processing needed to acquire this improvement 
should be attainable using conventional industrial practices.
IX, APPENDIX
The Effect of Liiders Strain on R Value
Preliminary studies showed that all materials exhibited Liiders
strains when tensile tested in the annealed condition, and the effect this
phenomenon had on R value measurement was investigated. The material
chosen for this investigation was an iron-0.1$ carbon alloy, as this was
(l79)known to produce high Liiders strains •
A range of cold reductions prior to annealing were studied, both in 
the as-annealed condition and annealed and temper-rolled condition. 
Observations were made of the Liiders band behaviour during tensile testing 
of the as-annealed specimens. The R values, Liiders strains and observations 
made are given in Table 15* Duplicate specimens were used for each 
condition; only average R values for each direction are given for the 
temper-rolled specimens as the R values from duplicate specimens agreed to 
within 0.10. Liiders band observations were only possible on the sheet 
surface due to the thinness of the sheets. The number of bands operating 
and the angle they made on the sheet surface with respect to the tensile axis 
are shown schematically in Table 15.
Yielding was initiated at the shoulders of the tensile specimens of 
the annealed sheet, usually at both ends, but at one end only in several 
instances. The Liiders bands then spread along the gauge length until all 
of the section had yielded. In four specimens, secondary bands were 
nucleated at a primary band front and ran ahead of it. The data in Table 15 
indicated the..-following :
(i) In general, the R values obtained on annealed sheet were markedly 
different from those obtained on annealed and temper-rolled sheet.
(ii) On annealed specimens cut at 0° to the rolling direction, the 
Liiders bands at the sheet surface were at an angle of approximately 
70-90° to the tensile axis. The R values were generally much 
lower than those obtained on the temper-rolled specimens.
Liiders strains were considerably higher when only one band was 
operating than when two bands were operating.
(iii) On annealed specimens cut at 5^° to the rolling direction, the 
behaviour was mixed. After k8, 60 and 6$$ prior cold reduction, 
the Liiders bands at the sheet surface were at an angle of 
approximately 70-90° to the tensile axis, and the R values were 
lower than those obtained on the temper-rolled specimens. In one 
instance, after 69% prior cold reduction, secondary bands occurred 
at approximately 50° to the rolling direction and the R value was 
higher than those obtained on the temper-rolled specimens.
After 80% prior cold reduction, the Liiders bands at the sheet 
surface were at an angle of approximately 50° to the tensile axis, 
and the R values were higher than those obtained on temper-rolled 
specimens.
(iv) On annealed specimens cut at 90° to the rolling direction, the 
Liiders bands at the sheet surface were at an angle of approximately 
50° to the tensile axis, and the R values were considerably higher
than those obtained on temper-rolled specimens.
(180 182)Several investigators have found that the angle between the
plane of a Liiders band front and the tensile axis is approximately 50°• 
HaH^lSO) Lomer^*^'^ have also found that, for annealed steel, 
approximately half of the Liiders strain is due to pure shear. Lomer 
attributes this to constraint from the unyielded material on the yielded 
material across the Liiders band interface. Clearly, the orientation 
of the Liiders band front with respect to the specimen axis will influence 
the dimensional changes occurring across the section of the specimen when 
the deformation is by pure shear, and will consequently influence the R 
value. The two limiting cases are shown schematically in Figure 50.
In Figure 50(a) the trace of the Liiders band front on the sheet surface is 
at an angle of 90° to the tensile axis, the characteristic 50° angle 
occurring in the thickness direction. Pure shear in this case would 
decrease the thickness of the sheet without altering the width, and the R 
value would be zero. In Figure 50(b) the trace of the Liiders band front 
on the sheet surface is at an angle of 50° to the tensile axis, the trace 
through the thickness direction being normal to the tensile axis. Pure 
shear in this case would decrease the width of the specimen without 
altering the thickness, and the R value would be infinite.
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Figure £0« Schematic representation of the LMers band front in the two 
limiting cases.
In the general case, the Liiders band front would have an orientation 
between the limiting cases, and pure shear would not be the only mode of 
deformation* However, it seems likely that the pure shear component of 
the Liiders strain would still influence the R value; lowering the R value 
when the angle between the Liiders band on the sheet surface and the tensile 
axis approaches 90°, and raising the R value when this angle approaches 
50°. The experimental results were in agreement with these proposals.
Variables which would be expected to influence the orientation which 
the Liiders bands assume include specimen width and thickness, constraint 
from the testing grips, the number of bands operating and crystallographic 
texture. It seems likely that texture would only become the dominant 
controlling factor for the dimensional changes occurring across the 
specimen section after completion of the Liiders strain. As a result of 
this investigation, it was decided to remove the Euders strain of all 
specimens by temper-rolling after annealing.
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TABLES
TABLE 1
Chemical Analysis of Materials (Wt. percent)
Element 25H A1 A2 • A3 S271 29R
Ti N.D. 0.011 0.090 0.47 0.48 N.D.
C 0.001 0.0038 0.018 0.090 0.011 0.006
I
N 0.001 0.002 0.002 0.002 0.002 0.015
0\ 0.003 0.031 0.013 0.014 0.003 0.003
Mn <0.001 0.02 0.02 0.04 0.006 <0.001
' Si 0.002 <0.01 0.02 0.06 0.005 0.003
1 ■ s 0.002 0.010 0.006 0.006 0.005 0.002
\ P <0.001 0.007 0.006 0.008 <0.001 N.D.
A1 (total) 0.005 <0.01 0.016 0.083 0.004 0.002
B N.D. N.D.......
N.D. N.D. N.D. 0.010
N.D. = not determined
TABLE 2 
Protective Gas Atmospheres
| Material Atmosphere
High purity iron 
Fe-Ti-C alloys 
Fe-B-N alloy
lOO/o hydrogen 
100% argon 
6O/0 hydrogen, k0% nitrogen
TABLE 3 
Cold Rolling Schedule
Pass No 4 Roll.Gap (inches)
1 0.20
2 0.18
3 0.16
k ' 0.14
5 . 0.11
6 0.07
7 0.05
' 8 0.03
9 0.01
1° 0.00
11 -0.01
12 -0.02
TABLE A
Precipitate Distribution Data for Fe-Ti-C 
Alloys after Preliminary Heat Treatments
Material and Treatment Precipitate 
Size (A)
Precipitate 
Spacing (A)
Alloy A1
Water quenched from 1000®C, 
then:
(i) A000 mins* at 500°C
(ii) 30 mins. at 600°C
(iii) 10 mins. at 700°C
(iv) 30 mins. at 950°C
Air cooled from 1000°C
lAO-930
150-1,000
250-1,000
110-1,500
70-1,000
100-A,500 , 
100-5,000 
100-7,000 
100-8,000
100-5,000
Alloy A2
Water quenched from 1200°C, 
then:
(i) ADOO mins. at 500°C
(ii) 30 mins. at 600°C
(iii) 10 mins. at 700°C
(iv) 30 mins. at 950°C
Air cooled from 1200°C
200-1,200
200-1,200
300-1,500
1 0^-2,800
130-930
100-3,000 
100-3,000 
100-A,000 
100-A,700
100-3,000
Alloy A3
Water quenched from lA70°C, 
then:
(i) A000 mins. at 500°C
(ii) 30 mins. at 600°C
(iii) 10 mins. at 700°C
(iv) 30 mins. at 950°C
Air cooled from lA70°C
100-1,000
150-1,000
300-1,200
150-3,000
75-1,100
100-2,000
100-2,000
100-3,000
100-2,300
100-2,000
Alloy S271
Water quenched from 1250°C, 
then:
(i) 30 mins. at 950°C 230-5,000 100-A,500
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TABLE 6
Grain Size Data after Standard Annealing Treatments
Material and Heat 
Treatment Prior to 
Cold Rolling.
Just
recrystallised*
30 minutes at 
780 °C
• 22 hours at 
850°C
dl dt dl/^t dl dt dVdt dl dt &X/dt
Iron-water quenched 17.5 14.2 1.23 61.5 48*0 1.2&
Iron-air cooled 24*0 17.2 1.59 53.0 50.0 1.06
Al-water quenched 14.9 10.1 1.48 20.6 15.5 1.33
Al-aged at 500°C 19.2 14.1 1.36 21.0 15.6 1.35 22.1 16.4 1.35
Al-normalised , 13.8 11.1 1.24
Al-air cooled 15.9 11.5 1.21
A2-water quenched 13.5 6,8 1.98
A2-aged at 300°C 18.1 ■ 8.3 2,18 20.8 9.5 .2.19 51.0 33.0 1.55
A2-normalis e d 22.2 11.0 2.02 25.2 12.8 1.97 50.0 24.8 2.02
A2-air cooled 19.6 8.4 2.35
A3-water quenched 16.0 10.6 1.51 18.6 13.8 1.35
A3-aged at 500°C 18.6 H H CO 1.58 18.8 12.5 1.50 21.7 15.3 1.42
A3-normalis ed 16.3 11.7 1.39
A3-air cooled 19.5 14.2 1.37 26.3 19.4 1.36
S271-water quenched 16.3 11.0 1.48 33.8 27.5 1.23
S271-normalised 17.2 11.7 1.47 23.7 15.1 1.57 42.5 29.2 1.46
29R-water quenched . 8.5 7.° 1.21 16.5 11.8 1.40
29R-aged at 830°C 7.8 6.2 1.26 15.9 11.5 1.38
29R-normalised 8.5 7.2 1.18
i 1
* High purity iron and alloy 29R - 5 hours at 700°C
Alloys Al, A2 and A3 - 5 hours at 723°C
Alloy S271 - 30 minutes at 680°C
d^ = grain size in longitudinal direction (microns)
d, = grain size in thickness direction (microns)
TABLE 7
Grain Size Data for Annealed* Sheet as a Function of
Cold Reduction Prior to Annealing
Material and Prior 
Heat Treatment
Cold
Reduction
dl
Tim
at
1-tm dl/adt
71-5/0 22.1 17.1 1.29
Iron-water quenched 79% 19.8 16.2 1.22
.85% 17.5 14.2 1.23
86.55h 16,8 14,1 1.19
7 Q% 26.3 19.6 1.34
Iron-air cooled
7&,i 21.3 16.6 1.28
85-5% 24.0 17.2 1.39
86.5% 21.0 16.1 1.30
i 69% 18.7 13.4 1.40
77% 15.1 10.9 1.38
Al - water quenched
14.9 • 10.1 1.48
86% 14.6 10.2 1.43
72% 20.2 14.4 1.40
Al - 500°C aged 77% 16.9 12.8 1.32
8h% 19.2 14.1 1.36
87% 16.8 12.8 1.31
71.% 17.8 14.0 1.27
Al - air cooled 78.9% 15.0 11.8 1.27
15.9 11.5 1.21
, 86% 14.2 10.7 1.55
7Wo 14.3 6.9 2.08
78.5% 14.5 7.6 1.90
A2 - water quenched
85% 13.5 6.8 1.98
87.5% 13.0 6.9 1.89
* Iron and alloy 29R - annealed at 700°C for 5 hours. 
Alloys Al, A2 and A3 - annealed at 725°0 for 5 hours, 
d^ = grain size in longitudinal direction. 
d^_ = grain size in thickness direction.
TABLE 7 (continued)
Material and Prior 
Heat Treatment
Cold
Reduction
dl
Tim
dt
]xm X
8 % 22.7 10.6 2.13
76.5$ 22.1 9.6 2.30
A2 - 300°C aged OO 18.1 8.3 2*18
87% ■17*5 8.4 2.09
7 0 .% 24.3 9.3 2.60
A2 - air cooled 77% 21.8 9.1 2.40
8h% 19.6 8.4 2.33
8 % 20.A 9.3 2.20
70% 18.3 10.9 1.69
A3 - water quenched 7 6 .% 17.8 10.8 1,63
8k% 16.0 10.6 1.31
88% 14.7 10.1 1.43
7 % 19.9 11.8 1.68
78% 17.9 11,9 1.30
A3 - 500°C aged 83% 18.6 12.1 1.54
87% 16.9 1 1 . 6 1.39
70% 22.3 15.2 1.47
7 7 .% 20.8 14.2 1.54
A3 - air cooled 8%, 19.5 14.2 1.37
8 8 .% 19.8 14.7 1.35
7 Z . % 9.1 7.0 1.30
77.%> 8.2 6.9 1.19
29R - 830°C aged 8 % 7.8 6.2 1.26
8 7 .% 7.9 6.3 1.21
TABLE 8
Precipitate Distribution Data for Fe-'Ti-C Alloys 
after Annealing ‘Treatments
Material and Treatment* Precipitate 
Size (A)
Precipitate 
Spacing (A)
Alloy A1
Water quenched from 1000°C 
then 4300 mins. at 500 °C: 
(i) As heat treated 160 - 980 100 - 4,600
(ii) C.R. and annealed at 725°C 370 - 1,100 100 - 6,300
(iii) C.R. and annealed at 850°C 170 - 1,000 100 - 3,000
1,000 - 5,000 100 - 50,000
Alloy A2
Water quenched from 1200°C: 
(i) As heat treated
(ii) C.R. and annealed at 725°0 100 - 1,500 100 - 4,000
(iii) C.R. and annealed at 850°C 120 - 1,000 100 - 3,800
1,000 - 5,000 100 - 40,000
Waterqquenched from 1200°C 
then ioOO mins. at 500°C : 
(i) As heat treated 190 - 1,300 100 - 4,000
(ii) C.R. and annealed at 725°C 150 - 1,400 100 - 4,500
(iii) C.R. and annealed at 850°C 200 - 1,000 100 - 3,750
1,000 - 6,200 100 - 45,000
Water quenched from 1200°C 
then 30 mins. at 950°'C:
(i) As heat treated 140 - 2,800 100 - 4,700
(ii) C.R. and annealed at 725°C 75 - 3,300 100 - 3,500
(iii) C.R. and annealed at 850°C 150 - 1,000 100 - 3,700
1,000 - 6,000 100 - 40,000
Alloy A3
Water quenched from 1470°C 
then 4000 mins. at 500*C ; 
(i) As heat treated 150 - 1,250 100— 2,300
(ii) C.R. and annealed at 725°0 50 ~ 1,100 100 - 2,500
(iii) C.R. and annealed at 850°C 375 - 1,000 100- - 3,000
1,000 - 7,000 100 - 27,000
— .... ...............  . ..
* Material Cold Rolled ( C.R. ) approximately 85$ prior 
to annealing. A heating rate of 50°C/hour was used 
during annealing.
TABLE 8 (continued)
Material 
and Treatment
Precipitate 
Size (A)
Precipitate
O
Spacing (A)
Alloy S271
Water quenched from 1250°C :
(i) Ag heat treated — —
(ii) C.R, and annealed at 680°C 100-2,300 100-4,700
(iii) C.R. and annealed at 8^0°C 500-1,000 100-5,000
1,000-8,000 100-45,000
Water quenched from 1250°C 
then 30 mine, at 950°C :
(i) Aa heat treated 230-5,000 100-4,500
(ii) C.R. and annealed at 680°C 280-7,000 100-5,000
(iii) C.R. and annealed at 850°C 470-1,000 100-5,000
1,000-10,000 100-52,000
1
TABLE 9
Plastic Strain Ratio Data for Annealed Sheet, 
after approximately 6j/o Prior Cold Reduction
Material and Prior 
Heat Treatment
Annealing
Treatment* R0°
^5° p90° 5
Iron-water quenched 3 hours at 700°C ’ 1.76 1.07 1.72 1.41
22 hours at 850°C 2.17 1.34 2*21 1.77
Iron-air cooled . 5 hours at 700°C 1.77 1.04 1.88 1.43
22 hours at 850°C 2.01 1.25 2.20 1.68
Al-water quenched . 3 hours at 723°C . 1.96 1.20 1.80 1.54
22 hours at 830°C 2.25 1.28 1.95 1.69
A1-500°C aged 3 hours at 723°0 2.00 1.30 1.84 1.61
30 mins. at 780°C 2.20 1.32 1.96 1.70
22 hours at 830°C 2.22 1.30 2.00 1.71
Al-normalised 3 hours at 723°0 1.64 1.09 'i;62 1.36
Al-air cooled 3 hours at 723°C 1.96 1.21 1.81 1.55
A2-water quenched 3 hours at 723°C 1.26 1.06 1.56 1.24
A2-500°C aged 3 hours at 723°C 1.50 1.35 1.76 1.49
30 mins. at 780°C 1.49 1.40 1.72 1.30
22 hours at 850°C 1.97 1.66 2.26 1.89
A2-normalised 5 hours at 725°C 1.75 1.29 2.04 1.59
30 mins.' at 780°C 1.82 1.36 1.88 1.61
22 hours at 850°C 2.27 1.60 2.50 1.99
A2-air cooled 5 hours at 725°C 1.48 1.31 1.94 1.51
A3-water quenched : 5 hours at 725°C 1.78 1.50 1.92 1.68
22 hours at 850°C 1.77 1.62 2.18 1.80
A3-500°C aged 5 hours at 725°C 1.70 1.45 1.79 1.60
30 mins. at 780°C 1.76 1.46 1.85 1.63
22 hours at 830°C , 1.63 1.64 2.03 1.74
A3~normalised 5 hours at 725°C 1.91 1.35 1.93 1.64
A3-air cooled 5 hours at 725°C 1.86 1.32 1.70 1.55
22 hours at 850°C 2.08 1.33 1.76 1.63
S271-water quenched 30 mins. at 680°C 1.43 1.50 1.56 1.50
22 hours at 850°C 1.65 1.89 1.94 1.84
S 271-normalis ed 30 mins. at 680°C 1.65 1.63 1.86 1.69
30 mins. at 780°C 1.71 1.85 2.16 1.89
22 hours at 850°C 1.92 2.49 2.79 2.42
29R-water quenched 5 hours at 700°C 1.11 1.05 1.62 1.21
22 hours at 850°C 1.06 0.89 1.57 1.10
29R-850°C aged 5 hours at 700°C 1.47 1.15 1.82 1.40
22 hours at 850°C 1.56 1.33 1.77 1.30
29R-normalised 5 hours at 700°C 1.50 
....
1.16 1.89 1.43
/
*A Heating Rate of 30°C/hour was used during annealing
TABLE 10
Plastic Strain Ratio Data for Annealed* Sheet as 
a Function of Cold Reduction Prior to Annealing
Material and Prior 
Heat Treatment
Cold
Reduction
Ro° R45° R90° R
71.5# 1.75 0.71 1*84 1.25
Iron-water quenched 79% 1.86 0.86 2.06 1.41
33% 1.76 . 1.07 1.72 1.41
86*3% 1.77 1.25 1.64 1.48
70% 1.54 0,66 1*75 1.15
Iron-adr cooled 7 6% 1.66 0.76 1.87 1.26
84.5% 1.77 1.04 1.88 1.43
86.5% 1.76 1.13 1.86 1.47
69% 2.02 0.92 2.23 ■ 1.52
i
Al-water quenched 77% 1.96
0.96 2.20 . 1.52
84% 1.96 1.20 1.80 1.54
- 86% 1.88 1.32 1.85' 1.59
72% 2.04 0.35 2.13 1.47
A1-300°C aged . 77% 2.03 0.96 2.06 1.50
Wo 2.00 1.30 1.84 l.6l
Wo 1.90 1.52 1.71 1.66
71.5# 2.11 0.78 2.07 1.44
Al-air cooled 78.5% 2.04 1.07 2.07 1.56
O0 1.96 1.21 l.8l 1.55
86% 1.98 1.30 1.83 1.60
74% 1.20 0.88 1.61 . 1.14
A2-water quenched 78.5% . 1.23 0.96 . 1.60 1.19
85% 1.26 1.06 1.56 1.23
87.5% 1.22 1.12 1.50 1.24
* Iron and alloy 29R - annealed at 700°C for 5 hours.
Alloys Al, A2 and A3 - annealed at 723°C for 3 hours.
TABLE 10 (continued)
Material and Prior 
Heat Treatment
Cold
Reduction
Eq O R45°
■D
90° R
69% 1.3^ 0.85 1.65 1.17
A2-500°C aged 7 6 .% 1.35 1.05 1173 1.30
8 % 1.50 1.35 1.76 1.49
8?% 1.46 1.54 1.70 1.56
70 .% 1.^3 0.98 1.69 1.28
A2-air cooled 7TA 1.38 1.06 1.76 1.32
8'$ 1.^ )8 1.31 1.94 1.51
8% 1.46 1.40 1.82 '1.52
70?° 1.86 1.14 1.70 1.46
A3-water quenched 76 .% 1.90 1.24 1.80 1.55
8% 1.78 1.50 1.92 1.68
86% 1.70 1.68 1.88 1.74
7%'° 1.77 1.04 1.72 1.39
A3-500°C aged 76% 1.92 1.18 1.78 1.52
8% 1.70 1.45 1.79 1.60
87% 1.65 1.64 1.75 1.67
70% 1.81 0.94 1.68 1.34
A3-air cooled 77.5% 1.82 1.03 1.75 l.4l
8% 1.86 1.32 1.70 1.55
88 .% 1.78 1.58 1.65 1.65
72 .% 1.36 0.89 1.86 1.25
29E~B30°C aged 77 .% 1*45 O.98 1.80 1.30
8%o 1.47 1.15 1.82 i .k o
87.% 1.40 1.28 1.75 \ 1.43
m M .ii
Texture Data for the A Series Alloys after 
Solution Treatment and Water Quenching
Pole Intensity (x random)
Material £200} fliol f332? |211} £310} 13211 €4201
Alloy A1 1.12 1.19 1.00 0.90 0.81 1.48 0.98 0.52
Alloy A2 1.35 1.59 0.58 1.29 1.14 0.99 0.92 0.73
Alloy A3 0.77 0.81 1.23 0.84 0.84 0.86 1.09 1.31 
-----—
TABLE 12.
Texture Data for Cold Rolled and Annealed Materials
Material 
and Prior 
Treatment
Annealing • Intensity (x random)
Treatment*
{222} {200} {110} {332} {211} {310} {321} £420}
Iron-
water
quenched
As cold rolled 
5 hours at 700°C 
22 hours at 850°C
7.85
11.10
14.23
1.74
0.80
0.50
0.12
0.15
0.11
2*54
2.90
2.64
1*57
0.69
0.60
0.21
0.32
0.38
0.39
0.33
0.21
0.12
0.29
0.22
Al-aged' 
at 500° c
As cold rolled 
5 hours at 725°C 
30 mins*at 780°C 
22 hours at 850°C.j . . ....
5.47
9.98
9.95
9.18
2.22
0.4l
0.37
0.37
0.12
0.11
0*13
0.15
1.82
3*42
3*31
3.42
1.57
0.82
0*84
0.82
0.19
0.21
0.15
0.23
0.00
0.38
0,42
0.41
1.90
0.19
0*28
0.19
A2-agod 
at 500°C
As cold rolled 
5 hours at 725°C 
30 mins.at 780°C 
22 hours at 850°C
6.72
8.85
8.82
10.82
2.67
0.62
0.74
0.28
0.09
0.07
0.07
0102
2.11
2.59
2.47
2:67
2.07
1.73
1.83
1.81
0.13
0.34
0.24
0.18
0.33
0.33
0.36
0.28
0.12
0.09
0.14
0.00
A2-norm-
aliscd
As cold rolled 
5 hours at 725°C 
30 mins.at 780°C 
22 hours at 850°C
6.03
8.42
9.55
15.01
2.47
0.52
0.60
0.29
0.12
0.08
0.07
0.01
2.05
2.84
2.97
2.97
1*92
1*28
1*18
0.99
0.23
0.34
0.24
0.08
0.44
0.46
0.40
0.18
0il7
0.20
0*18
0.00
A3~aged 
at 500°C
As cold rolled 
5 hours at 725°C 
30 mins. at 780°C 
22 hours at 850°C
5.88
12.01
11*02
11.25
2.72
0.68
0.61
0.57
0.09
0.02
0.01
0.01
1.17
2.92
3.06
3.21
1.63
1.25
1*29
1.21
0.16
0.10
0.10
0.07
0.30
0.30
0.31
0.32
1.60
0.00
0.09
0.00
3271-
water
quenched
As cold rolled 
30 mins. at 680°C 
22 hours at 850°C
4.98
10.42
10.69
3.A5
0.63
0.44
0.13
0.02
0.00
1.73
2.99
3.11
2.33
1.30
1.54
0.16
0.12
0.06
0.37
0.38
0.30
0.13
0.09
0 .0 0
S271-
normal-
ised
As cold rolled 
30 mins. at 680°C 
30 mins. at 780°C 
22 hours at 850°C
5.96 
11.30 
12. A3 
12.52
3.02
0.77
0.5A
0.27
0.11
0.01
0.00
0.00
2.11
2.89
2.91
2.57
1.96
1.41
1.46
2.07
0.18
0.10
0.05
0.04
0.43
0.30
0.22
0.11
0.00
0.00
0.00
0.00
29R-aged 
at 850°C
As cold rolled 
Heated to 550°C 
5 hours at 700°C
6.1
7.3
7.6
2.2
1.6
1.1
0.1
0.1
0.1
1.9
2.3
2.3
2.0
0.9
0.7
0.2
0.3
0.3
0.4
0.3
0.4
0.3
0.3
0.3
*A heating rate of 50°C/hour was used during annealing.
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TABLE ik
Estimate of the Relative Retarding Effects 
of Precipitates on Grain Growth
Alloy Precipitate Volume Fraction 
(f) - %
Diameter 
(d) - microns
f/d
A1 Carbide 0,02 , 0.2 0.1
Oxide 0,20 1.0 0.2
A2 Carbide 0,16 0.2 0.8
Oxide 0,05 1.0 0.05
J-A3 Carbide 0.73 - 0.2 3.65
Oxide 0.06 1.0 0.06
S271 Carbide 0,10 0.3 0.33
Oxide 0.01 1.0 0.01
Conditions after Various Prior Cold Reductions,
Cold
Reduction
Angl*
to
R.D.
Annealed
Type of Widers Band LMers
Strain
R Value
Annealed 
and T,R. 
R Value
m
60%
0
0
90
O
18-J$
12$
0.59
1*20
m 17$
1 ct
0.1|8
0 J46
m .
13?
12%
1,96
1.87
19% 
18|?
0.63
0.85
13?
13?
0,82
1.01
11?
10J-?
2 .22
2.36
1.10
0.95
1.75
l.llt
1.10
1.67
69%
0
!»5°
90
m
T M
20%
13?
0.50
0.82
W J L
i3 i%
ik%
1.32
1.10
11$
15%
2ol5
2.22
1.10
1.2U
1.60
80$
0V
U5(
90
WE
16%
12%
O.6I4
0.71
12|?
12$
1.80
1.82
11$
10$
2.01
2.05
lo05
l.Uo
1.U5
N.B. Lliders band observations made on the sheet surface are shown
>
schematically} the tensile axis being horizontal. Shaded regions 
represent yielded regions.
